Polymer nanocomposites reinforced with carbon-based nanofillers are gaining increasing interest for a number of applications due to their excellent properties. The understanding of the reinforcing mechanisms is, therefore, very important for the maximization of performance. This present review summarizes the current literature status on the mechanical properties of composites reinforced with graphene-related materials (GRMs) and carbon nanotubes (CNTs) and identifies the parameters that clearly affect the mechanical properties of the final materials. It is also shown how Raman spectroscopy can be utilized for the understanding of the stress transfer efficiency from the matrix to the reinforcement and it can even be used to map stress and strain in graphene. Importantly, it is demonstrated clearly that continuum micromechanics that was initially developed for fibre-reinforced composites is still applicable at the nanoscale for both GRMs and CNTs. Finally, current problems and future perspectives are discussed. Fig. 3 (a) Graph of the force constant versus distance along the axis of a MWCNT 22 (Reprinted with permission from AAAS). (b) AFM image of a MWCNT adhered on an ultrafiltration membrane, with a part of it bridging a port of the membrane 25
Introduction
Polymer nanocomposites reinforced with graphene-related materials (GRMs) or carbon nanotubes (CNTs) have been explored extensively for use as engineering materials in a number of demanding application as a result of their low mass density and exceptional mechanical properties. In
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addition to their excellent inherent properties, the individual morphological characteristics of CNTs 1 and GRMs 2 play a major role on determining the ultimate properties of polymer nanocomposites.
Graphene is comprised of an atomically thin sheet of sp 2 carbon and constitutes the basic building block of carbon nanotubes, as shown in Fig. 1 . Single-walled CNTs can be viewed as a rolled-up graphene sheet, with its one-dimensional geometry providing efficient reinforcement only along the length direction. Double-walled CNTs consist of two layers of rolled up graphene and multi-walled CNTs consist of many rolled-up graphene layers. In contrast to CNTs, the two-dimensional nature of graphene and GRMs, ensure that reinforcement takes place along all its in-plane directions. Moreover, as a result of the 2D geometry, graphene displays a larger surface to volume ratio, highly important for the creation of larger interfaces and production of stronger composites. In the present review, we will report in detail the parameters that affect strongly the reinforcing effects of both CNTs and GRMs and discuss the advantages and disadvantages of both types of filler for the production of high-performance polymer nanocomposites.
The majority of the early studies on nanocarbon composites were conducted using CNTs with research upon graphene and graphene-based nanocomposites having taken place only since its first identification and isolation in 2004. 3 Nevertheless, the extensive research studies on the GRM-based materials have now led to a better understanding of the fundamental properties for all of these sp 2 materials. In particular, GRMs have lateral dimensions of the order of microns that makes them amenable to study by a wider range of analytical techniques than in the case of CNTs. For example flakes of monolayer graphene can be easily resolved in an optical microscope, 4 unlike individual nanotubes. Hence, this review of the literature will not be undertaken chronologically. GRMs will be discussed first of all and the findings on these materials will be then related to earlier studies upon CNTs.
A number of scientific challenges have risen over the last years as a result of the rapid expansion of polymer nanocomposites, with the understanding of the elastic properties being one of the most important. There are generally two approaches for the evaluation of the mechanical properties of polymer nanocomposites. A number of researchers have suggested that the mechanics of polymer nanocomposites are similar to polymer composites reinforced with continuous reinforcements such as carbon or glass fibres. 5 In this case, the composite micromechanics, using concepts firstly introduced by Cox 6 and Kelly 7 through the use of shear-lag theory, is employed to predict the distribution of stress and strain in discontinuous fillers within a low-modulus matrix. Raman spectroscopy is a very useful tool towards the application of shear-lag theory in nanocomposites and the monitoring of the stresses within a nanofiller in a matrix, especially for carbonbased fillers with strong resonance Raman scattering. 8 On the other hand, other researchers have taken an opposing viewpoint and have suggested that polymer nanocomposites should be considered as molecular composites or selfreinforced composites, as they are actually quasi-homogeneous molecular blends. 9, 10 In this case, composite micromechanics should not be applied to polymer nanocomposites since the properties are controlled by interactions between the fillers and the matrix on the molecular scale. On these terms, important indicators of interaction between the matrix and nanoparticles such as molecular nucleation and confinement (which are not taken into account by micromechanical models) may play a major role on the ultimate properties of polymer nanocomposites.
In this present review, the inherent mechanical properties of both GRMs and CNTs are discussed along with the criteria that determine the effective reinforcement from both nanofillers in polymer nanocomposites. The understanding and prediction of the mechanisms of reinforcement in such systems holds the key for the successful implementation of both nanofillers and we will subsequently explore this direction through the use of analytical models and micromechanical theories. Moreover, the application of Raman spectroscopy for monitoring the deformation of GRMs and CNTs both individually and within polymer nanocomposites through the study of the frequency shifts of the stress-sensitive Raman bands is thoroughly reviewed. Finally, this review is concluded by emphasizing the current challenges and future research directions for both GRM-and CNT-based polymer nanocomposites. 
Mechanical properties of nanocarbons
2.1 Graphene 2.1.1 Stiffness. The Young's modulus of graphene is one of the properties that make it stand out against other materials. The exceptional mechanical properties of graphene can be attributed to the hexagonal lattice of graphene and the stability of the sp 2 bonds during various types of in-plane deformations. The work of Hone and coworkers 11 first revealed the mechanical properties of graphene through calculating the breaking force of graphene under an AFM nanoindenter. The experimental value of the second order elastic stiffness was found to be equal to E 2D = 340 ± 50 N m −1 . Assuming an effective thickness of 0.335 nm, this value corresponds to a Young's modulus of E = 1.0 ± 0.1 TPa, which is similar to theoretical predictions.
However, it should be noted that quite a few discrepancies exist in the graphene literature regarding the modulus of graphene, most possibly originating from the inherent and inevitable crumpling of graphene and the presence of different types of defects, both of which can decrease significantly the stiffness. For example, Ruiz-Vargas et al. 12 have reported decreased stiffness or crumpled CVD graphene by using nanoindentation. The same conclusion was taken from the work of Nicholl et al., 13 where graphene was softened significantly as a result of cross-plane crumpling. On the other hand, the López-Polín et al. 14 used Ar + ions to introduce a controlled density of defects into mechanically exfoliated monolayer flakes deposited onto Si/SiO 2 substrates with predefined circular wells and used AFM indentation experiments to obtain the mechanical properties of their samples. Counter-intuitively, the defect-free samples showed a significantly lower stiffness than the ones with defects, when the mean distance of defects was up to ∼5 nm (0.2% defect content). Various experimental methods have been utilized for the evaluation of the mechanical properties of graphene and they have been summarized well in a recent review by Kim et al. 15 Moreover, in Section 5, we will identify the usefulness of Raman spectroscopy for the study of the mechanical properties of both graphene and carbon nanotubes and their composites.
2.1.2 Strength. It has been established that monolayer and high-quality graphene that contains no defects is the strongest material that has ever been tested. As discussed above, Hone and coworkers 11 revealed that the intrinsic strength of a graphene monolayer is 42 N m −1 or 130 GPa. The work of López-Polín et al., 14 where the authors introduced in-plane (sp 2 ) vacancy-type defects into mechanically exfoliated graphene monolayers, also revealed that a pronounced decrease of strength should be expected with increasing defect density. The measured breaking force dropped by a factor of two for the lowest Ar + ion irradiation dose, corresponding to a mean distance between defects is 12 nm and a 30% reduction in strength. Shekhawat and Ritchie 16 used simulation methods to study the effect of line and point defects upon the mechanical properties of nanocrystalline graphene (commonly produced by chemical vapour deposition) and demonstrated that their presence led to a significant reduction in strength. Additionally, in the work of Zandiatashbar et al. 17 the authors induced defects on a mechanically-exfoliated graphene monolayer with a modified oxygen plasma technique and measured the stiffness and strength of the flakes via AFM nanoindentation ( Fig. 2a ). Based on their findings, the 2D elastic modulus and strength of graphene are relatively insensitive to defects over the entire sp 3 -type defect region, which comes in contrast to the work of Shekhawat. 16 Overall, it can be understood that intrinsic defects in graphene, and especially vacancy defects, can reduce the tensile strength of graphene significantly, while extrinsic defects only influence the stiffness of graphene.
In a recent report from our group, 18 the strength of mechanically exfoliated monolayer graphene was studied in detail through in situ Raman mapping at different strain levels ( Fig. 2b and c) . It was found that after the deposition of the monolayers onto a flexible polymeric substrate the failure mechanisms were either flake fracture or failure of the graphene/polymer interface. The strength of large flakes, was measured to be less than ∼10 GPa ( Fig. 2d ) (more than one order of magnitude lower than the values reported in ref. 11) , as a result of the presence of defects that locally concentrated stress.
2.1.3 Toughness. The fracture toughness of graphene is highly relevant to engineering applications and therefore the fracture behaviour of graphene and graphene-based composites is of utmost importance. Zhang et al. 19 utilized a micromechanical testing device and a nano-indenter within a scanning electron microscope for the determination of fracture toughness of nanocrystalline graphene. A central crack was introduced to the membranes and brittle fracture was then observed with the application of load. As expected, the fracture stress decreased with increasing crack length, the fracture toughness of graphene was found to be K c = 4.0 ± 0.6 MPa and the critical strain energy release rate was G c = 15.9 J m −2 . In accordance with the Weibull theory developed in the 1950s, the toughness of graphene depends heavily on its weakest links, i.e. its defects. An interesting study of Buehler and coworkers 20 revealed that the fracture toughness of polycrystalline graphene is 20-35% higher than pristine graphene as a result of larger energy release rates that decrease with increasing grain size. Equally important, the grain boundaries near a crack tip seem to enable deformation over large areas as a result of their effectiveness in strain redistribution and the creation of complex pathways and branching of the cracks, leading to great energy dissipation.
Carbon nanotubes
2.2.1 Stiffness. Carbon nanotubes are also known for their exceptionally high stiffness, as first reported by Treacy et al. 21 The authors used transmission electron microscopy (TEM) in order to measure the amplitudes of the intrinsic thermal vibrations of MWCNTs and then calculated the Young's modulus to be of the order of 1.8 ± 0.9 TPa. The large uncertainty in these measurements originated from the additional heating from the electron beam and other non-equilibrium perturbations, along with the estimation of the length of the nanotubes and the variation in their structural features away from perfectly nested cylinders. The Lieber group 22 utilized atomic force microscopy (AFM) to determine the bending force versus displacement along unpinned lengths of MWCNTs ( Fig. 3a ) and the average Young's modulus was 1.28 ± 0.29 TPa, with no dependence on the diameter of the tubes. This value was very close to that obtained in the work of Krishnan et al., 23 where the authors used the same method applied by Treacy et al. 21 and an average modulus of 1.25 TPa was obtained. In the paper of Yu et al., 24 the authors also obtained the mean Young's modulus of SWCNTs ropes, which was 1.002 TPa. Salvetat and coworkers 25 compared the Young's modulus of MWCNTs produced by arc-discharge, and CVD methods and thus observed the effect of the defect type and concentration on the Young's modulus. The authors also used the AFM method, where they deposited MWCNTs on a well-polished alumina ultrafiltration membrane ( Fig. 3b ) and measured the deflection over the nominal force by AFM. The average modulus values for arc-discharge MWCNTs was 0.8 TPa, while for the CVD-MWCNTs, the modulus was in the order of 0.03 TPa, clearly showing that the disorder in the latter which can affect the elastic properties significantly.
The bending modulus (E b ) of MWCNTs has been studied by Poncharal et al. 26 by transmission electron microscope and MWCNTs with a diameter higher than 8 nm. It is known from elements of vibration analysis that a beam bends by elongation of the outer arc and compression of the inner arc. Thus, by applying this equation to CNTs, E b can be associated with the Young's modulus of the material. The authors found that the bending modulus of MWCNTs decreases significantly from 1 TPa to almost 0.1 TPa with an increase in the diameter of the nanotubes (from 8 to 40 nm) ( Fig. 3c ), as a result of a different bending mode of the nanotube from a uniform elastic mode to a mode that is observed as a wave-like distortion mode ( Fig. 3d) . Given that the frequency of the excitation (v j ) is known, the bending modulus (E b ) can be obtained from eqn (1):
where D is the outer (wave-like) diameter, D i is the inner diameter, L is the length of the nanotube, ρ is the density and β j is a constant for the jth harmonic.
Overall, it can be seen that although there are some variations in the estimates of the stiffness particularly of CNTs, it is safe to assume that, to a first approximation, both few-layer graphene and small diameter CNTs have a Young's modulus approaching 1 TPa. Multi-layer graphene and MWCNTs have lower Young's modulus values as the result of inter-layer slippage and the hole down the centre of CNTs will reduce their modulus further.
2.2.2 Strength. The unique mechanical properties of carbon nanotubes originate from the strength of the in-plane C bonds of graphene, with the difference between them and graphene is that the elastic strain energies of CNTs are affected by the intrinsic curvature of the C-C bonds due to their tubular shape. The mechanical characterization of carbon nanotubes possesses significant challenges as a result of the limitations of characterization methods due to specimen size, specimen preparation, uncertainty in ultimate properties due to the use of indirect measurements and lack of control in nanotube structure. For the above reasons, a wide range of mechanical property values have been reported in the literature.
Ruoff and coworkers in a set of pioneering experiments 24, 27 attached the ends of MWCNTs 27 and SWCNT ropes 24 onto the opposing tips of AFM cantilever probes and then the nanotube sections were stress-loaded and observed in situ in an SEM chamber. The deflection of the soft cantilever and the length change of the nanotubes were simultaneously recorded. The results revealed that the outermost layer of MWCNTs was the one that fractured via a "sword-in-sheath" mechanism, as the fragment lengths were significantly longer than the initial length of the nanotubes (Fig. 4a, b and c). The measured tensile strengths of the outer layer of MWCNTs in this work ranged from ∼11 GPa to ∼63 GPa, with no apparent dependence on the outer shell diameter. These values are lower than the theoretical predictions of SWCNTs, 28 as a result of structural defects, diameter reduction during elongation and the presence of small twists and/or shear loads.
In the case of the SWCNT bundles, 24 the average tensile strength ranged from ∼13 GPa to ∼52 GPa, while the maximum tensile strain achieved in this work was ∼5.3%, which is in accordance with earlier theoretical predictions. 29 Falvo et al. 30 managed to strain MWCNTs up to 16% without observing a separation of the nanotube even after repeated application of bending stresses, revealing once again the high strength and flexibility of carbon nanotubes. In another study, Walters et al. 31 also obtained the tensile strength of SWCNT ropes, by applying force via an AFM tip to a length of the rope that was freely suspended across a trench and by subsequently measuring the AFM tip displacement. They calculated the breaking strain to be 5.8 ± 0.9% ( Fig. 4d ) and the tensile strength to be 45 ± 7 GPa. Demczyk et al. 32 utilized a piezoelectric manipulation holder within a TEM, in order to apply tension to MWCNTs. The authors observed a tensile force at failure of 18 μN and a tensile stress to breakage of 150 GPa, which is higher than previous reports, most probably as a result of the outer walls of MWCNTs breaking almost simultaneously.
Wagner et al. 33 followed a different approach for the measurement of the strength of SWCNTs and embedded them into thin polymeric films to perform fragmentation tests, similar to the ones that are routinely performed for the study of the stress transfer ability of fibre-reinforced polymers. The authors found out that the tensile strength was in the order of 55 GPa by using a simple isostress model and the stress is effectively transferred from the matrix to the fibre through the nanotube ends, and the stress transfer efficiency was estimated to be at least one order of magnitude larger than conventional fibre-based composites.
The majority of experimental studies on the strength of carbon nanotubes have not achieved the strength values predicted by theoretical analyses (>100 GPa) [34] [35] [36] as a result of the presence of a number of defects along the CNTs, the inadequate measurement procedures and artefacts introduced during sample preparation. However, the important study of Peng et al. 37 reported measurements of MWCNTs with mean fracture strength in the order of 100 GPa, in-line with the theoretical expectations. The authors achieved these values by limiting the formation of defects via omitting chemical treatments during sample preparation. The nanotubes were then welded to the nanomanipulator probe and transported to a microelectromechanical stage that was placed within a TEM system. Electron irradiation induced crosslinking was achieved by focusing the TEM beam on the suspended portion of MWCNTs, a fact that led to concomitant dramatic increases in sustainable loads, while the stiffness and failure strain of the MWCNTs were only decreased slightly.
In summary, it is clear that both graphene and CNTs are capable in certain circumstances of realising strengths in excess of 100 GPa; however, in practice this is invariably reduced by the presence of either intrinsic or extrinsic defects.
Mechanical properties of nanocarbon-based polymer composites

Graphene nanocomposites
The exceptional mechanical properties of graphene have been one of the most important reasons for the introduction of graphene-related materials into polymers. The proficiency of the scientific community developed for the preparation of highperformance carbon nanotube nanocomposites has been subsequently extended for the preparation of multifunctional graphene-reinforced nanocomposites. We will now describe some of the most important aspects of graphene-based polymer composites for the improvement of their mechanical properties, such as the preparation methods of graphene-based composites, the dispersion and the orientation of the twodimensional fillers, the lateral dimensions and the thickness of graphene, the waviness of the flakes and the interactions with the matrix.
3.1.1 Preparation/dispersion. The well-established methods that are most commonly used for the preparation of polymer nanocomposites include solution blending, melt mixing and in situ polymerization. A number of recent reviews have presented thoroughly various preparation strategies for the production of high-performing graphene-based composites. 2, [38] [39] [40] [41] Solution blending is most probably the most widely used method for the preparation of polymer nanocomposites on the laboratory scale as a result of its versatility with the use of various solvents and the possibilities for functionalization of the flakes along with its speed and simplicity. [42] [43] [44] [45] [46] In this process, the polymer is initially dissolved in a suitable solvent. 27 (a) a MWCNT gripped onto the AFM cantilever probes having a section length of ∼6.9 μm, just before breaking, (b) a fragment of the same MWCNT just after breaking, displaying a length of ∼6.6 μm, (c) the other fragment of the starting MWCNT, that was attached on the bottom AFM cantilever probe, exhibiting a length of ∼5.9 μm (Reprinted with permission from AAAS), (d) the lateral force on a SWCNT rope suspended across a trench. 31 Data from four consecutive measurements on the same rope (Reprinted with permission from IOP).
The GRMs are then subsequently dispersed in a solvent that is compatible with the solvent that the polymer has already been dissolved. Graphene-related materials can be produced very successfully via liquid exfoliation since the energy that is required to exfoliate graphene is balanced by the solvent-graphene interaction (when the surface energy of graphene matches the one of the solvent). 47 The two elements are then mixed together (by simple mixing or shear mixing or ultrasonication) and during this process, the polymer adsorbs onto the graphene flakes. It is of utmost importance to ensure a full evaporation of the solvent, since the formation of the nanocomposite and the homogeneous dispersion of the flakes take place during this process while additionally, the ultimate properties are highly sensitive to the presence of any solvent, as it can plasticize the matrix and tends to stay at the surface. Additional limiting factors for the use of solution blending include the absence of solubility of some polymers in common solvents and the eco-friendliness of this process, as usually large quantities of solvents are used. Despite these factors, solution processing is widely used in some industries, notably in coatings and some epoxy formulations.
Melt mixing is an industrially-friendly process for the production of (mainly) thermoplastic-based nanocomposites since it is fast and inexpensive. During melt mixing, the polymer is heated above its melting/softening point and then GRMs are added into the polymer melt. [48] [49] [50] [51] [52] [53] [54] Mixing can take place by using an internal mixer with different rotor designs (Sigma, Banbury, cam or roller blades) or single-, twin-, tripleor even quad-screw extruders. Various parameters can affect significantly the dispersion of the GRMs within the polymer during melt mixing, including the temperature of mixing, the selection of the appropriate rotors or screw configuration, the feeding rates and the mixing rates. After melt mixing, additional processing steps usually take place such as hot pressing, injection moulding etc. which can also affect significantly the dispersion, the structure and the orientation of the fillers. The polymer nanocomposites that are produced by melt mixing can display an adequate dispersion of the fillers; however, the high shear forces that are required for the efficient mixing of the components of the system can lead to the formation of folds/wrinkles or even breaking of the nanoplatelets that lead to the reduction of their effective modulus. 55 An additional problem that is associated with the use of melt mixing is the fact that the high temperatures, particularly for high performance systems such as PEEK, can lead to the decomposition of the functional groups on the surface of the GRMs or even the decomposition of the polymer. The group of Paiva has also explored the concept of re-agglomeration, where a small-scale mixer with a relaxation chamber was utilized [56] [57] [58] for the production of GNP-reinforced polypropylene nanocomposites. The results have shown that re-agglomeration takes place in the relaxation chamber since an increase of the agglomerate area takes place, affecting significantly the subsequent dispersion rate of GNPs in the second mixing zone. A gradual decrease of the number and size of GNP agglomerates was also observed and at low shear rates, inter-particle interactions induced re-agglomeration. 58 As expected, the surface modification of GNPs delayed re-agglomeration and enhanced the mechanical properties and the electrical conductivity. 57 Furthermore, in situ polymerization allows grafting of the filler onto the polymer, which subsequently leads to an increase in the compatibility between the components of the system and an improved interface. [59] [60] [61] [62] In this method, the GRMs are mixed with the monomer and then polymerization is initiated by heating or radiation after a suitable initiator is diffused in the liquid monomer. Once the reaction is initiated, the monomer that is present in and out of the layered material polymerizes and the filler nanoplatelets can be delaminated within the final polymer nanocomposites. The specific process is not easily scalable compared to melt mixing or solution blending, while additional problems include the increase of viscosity during the polymerization that prevents the production of nanocomposites at high filler loadings and leads to the creation of agglomerates.
Finally, layer by layer (LbL) assembly is another useful technique that can be used for the production of multifunctional and highly ordered graphene-based composites. In LbL assembly oppositely charged polyelectrolytes and graphene-related materials can be deposited on a substrate to create desired nano-architectures, multilayer thin films of specific thickness or hierarchical nanostructures. Usually, the interactions between the components of the assembly can be tuned by applying coordination chemistry, electrostatic and chargetransfer interactions, or simply hydrogen and covalent bonding. The 2D geometry of GRMs that provides high surface area makes them ideal for the preparation of such composites, while additionally the epoxy and hydroxyl groups in the basal plane of GO offer opportunities for the increase of the electrostatic attractive interactions and hydrogen bonding. The work of Zhao et al. 63 revealed that the modulus of (PVA/GO) 300 multilayer films with a bilayer thickness of 3 nm was doubled compared to the neat PVA, while more recently Vallés et al. 64 reported that the combination of a positively charged polyelectrolyte (PEI) and electrochemically reduced GO (PEI/ GO) 10 (6 μm thick) led to very high electromagnetic interference (EMI) shielding values, in the order of ∼29 dB. The review from Xiao et al. 65 has nicely summarized the current literature status on the LbL assembly of various nanoarchitectures.
A combination of the above-mentioned techniques has been applied in a number of studies in order to counterbalance some disadvantages from each method and ensure better dispersion of the nanofillers. For example, the group of Fina has prepared graphene-reinforced poly(butylene terephthalate) nanocomposites by inducing ring-opening polymerization within a twin screw micro-extruder. 66, 67 The nanocomposites produced displayed enhanced mechanical properties and improved thermal and electrical conductivities. In a different study, Maio et al. 68 used a combined wet phase inversion method and melt mixing in order to produce GOreinforced ethylene vinyl acetate (EVA) and nylon 6 (PA6) nano-composites. The combined approach led to an efficient removal of the solvent and improved mechanical properties.
3.1.2 Orientation. The spatial orientation of the fillers is very important in polymer nanocomposites, as the reinforcement is higher when the fillers are aligned in the direction of strain. The two-dimensional nature of GRMs can enable easier alignment of the nanoplatelets, since when forces act in the out-of-plane direction of the nanocomposites, such as compression moulding or filtering/evaporation, induce an orientation in the in-plane direction. 69, 70 Obviously, more sophisticated methods such as the ones that have been developed in the past for CNTs can be applied for the alignment of GRMs. For example, in the work of Wu et al. 71 the authors applied an external electric field in order to orient GNPs within an epoxy resin ( Fig. 5a, b and c). The application of an AC electric field led to the GNPs being transversely aligned to the crack growth direction and the flakes exhibited increased interactions with the crack tip. The mode I fracture toughness was increased by nearly 900% and a number of intrinsic and extrinsic mechanisms were identified as responsible for this increase; however, the contribution from each individual mechanism is too hard to analyse.
Another interesting method has been reported by Li et al. 72 who used multilayer coextrusion for the fabrication of composites made of alternating layers of polymer and polymer/graphene composites. A modulus reinforcement of 118% was reported at 2 wt% of graphene as a result of the planar orien-tation of graphene in the individual polymer layers. The formation of other layered graphene/polymer structure, where graphene is essentially oriented in the in-plane direction, has been explored in the works of Vlassiouk et al. 73 and Liu et al. 74 In the two separate studies, CVD graphene has been sandwiched between two polymer layers of poly(methyl methacrylate) and polycarbonate. Vlassiouk et al. 73 clearly showed that the preparation of these model composites might be a viable method to realise the unique mechanical properties of monolayer graphene in the macroscale, as the effective modulus of graphene (E eff ) in the structures was found equal to 1.2 ± 0.5 TPa. However, the value of E eff that was calculated in the work of Liu et al. 74 was significantly lower, in the order of 360 GPa. This can originate from the higher number of consecutive graphene/polycarbonate layers, where graphene within the structure can form ripples or it can also bend, something that is very difficult to monitor during the preparation procedure. Either way, this is a promising method that can utilise several of the unique properties of graphene such as the electrical or mechanical properties and the upscaling of this method can provide solutions for a number of applications.
The use of a magnetic field, which has been extensively explored for the preparation of oriented GNP-based composites was also employed for a set of polyimide/graphene composites. 75 The authors decorated graphene with supermagnetic, tethered nickel nanoparticles, oriented their fillers by applying high and low magnetic field and it was found that the tensile modulus of the highly oriented nanocomposites was increased significantly.
Finally, 3D printing for the production of polymer nanocomposites is another technique that can induce orientation of graphene-related materials within a polymer. In the work of Yang et al., 76 the authors used electrically assisted 3D printing for the production of graphene-based, nacre-inspired structures with enhanced properties. The use of the electric field led to the achievement of a nanoscale-to-microscale assembly of the GNPs, while the use of 3D printing induced a microscale-to-macroscale assembly. The alignment of GNPs led to anisotropic conductivity and also creates a "bridge and interlock" phenomenon within the composites, essential to confer a stress-induced damage. Overall this is an exceptional study, taking advantage of a very strong, nature-inspire structure and modern composite fabrication techniques which led to excellent final results, revealing that the produced materials can take advantage of the multifunctional properties of graphene for the creation of smart and lightweight structures.
Polarised Raman spectroscopy has been identified as a technique that can be used to quantify the spatial orientation of graphene, which has a large effect upon its ability to reinforce nanocomposites. 78 Li et al. 74 applied the method to a number of GO-reinforced systems and obtained the Krenchel orientation factor (η o ), which can be subsequently substituted in a number of micromechanical equations such as the modified rule of mixtures. The local orientation of graphene is defined by its surface normal and can be seen in Fig. 5d as the z direction in the x, y plane. The Raman scattering intensity under VV laser polarization can then be expressed as a function of the polarization angle Φ:
where I o is the amplitude, P i (cos θ) is the Legendre polynomial of the i-th degree and <P i (cos θ)> is the average value. The Herman's orientation factor (S) is the <P 2 (cos θ)>, while the higher the <P 2 (cos θ)> and <P 4 (cos θ)> values, the higher the orientation of graphene in a composite. After substitution on the orientation distribution function, the Krenchel orientation factor can be obtained by:
For a composite with a perfect orientation of the flakes <P 2 (cos θ)> = <P 4 (cos θ)> = 1, while for random orientation <P 2 (cos θ)> = <P 4 (cos θ)> = 0. Finally, for a composite where the nanoplatelets are randomly aligned, η o = 8/15 (Fig. 5e ). The important implication of this study to the general field of composites comes from the conclusion that the reinforcing efficiency of 2-dimensional materials is significantly higher than fibre or nanotube-based materials. This is because the Krenchel orientation factor for randomly oriented 1-dimensional fillers reduces the modulus by a factor of 5 (η o = 1/5), while for 2-dimensional fillers it is only reduced in less than half. The values of <P 2 (cos θ)> and <P 4 (cos θ)> also enable the reconstruction of the full orientation distribution function of graphene flakes in composites.
3.1.3 Flake dimensions. As it is known from numerous experimental studies on fibre-reinforced composites, short fibres are less effective in reinforcing composites compared to longer or continuous fibres. This phenomenon has been explained in detail by the shear lag and other theories, where a critical reinforcement length exists for good mechanical properties. The major parameters that affect the critical length l c are the aspect ratio of the nanoplatelets (in the case of GRM-reinforced composites) and the interfacial interaction between the filler and the matrix (interfacial strength). In the work of Gong et al. 5 the minimum critical length for reinforcement in a model graphene/PMMA system was found to be in the order of ∼3 μm as a result of low interfacial strength of the filler and the matrix (around 1 MPa). This observation has important consequences in the production of GRMs, since methods such as liquid exfoliation usually produce small flakes, that are not able to transfer stress as effectively and modest improvements are observed in mechanical properties. A number of studies have reported that larger flakes are more effective in reinforcing polymer composites, as a result of better stress transfer than their smaller counterparts. 55, [79] [80] [81] It should be noted, however, that the original lateral dimensions of the GRMs are not always the same with the dimensions of GRMs within the compo-sites post-processing. Manufacturing processes such as extrusion, internal mixing, injection moulding, compounding and others involve the use of high shear or high stress on the 2D nanoplatelets, a fact that can lead to them bending, folding, curving or even breaking within the composites (Fig. 6 ). This observation can significantly reduce their effective aspect ratio and subsequently their reinforcement characteristics.
The emergence of X-ray computed tomography now enables the visualization of the "real" structure and morphology of the nanofillers within composites and provide important information regarding the effect of processing on the fillers. The recent study of Li et al. 82 has shed some light to this crucial issue of mechanical reinforcement from GNPs and the authors suggested that a size reduction of at least a factor of two should be expected for epoxy/GNP composites prepared by stirring and sonication of GNPs within the resin. Very long flakes are clearly more prone to bending and agglomeration/restacking than smaller ones, so a balance of the lateral dimensions should always be kept in mind. This effect can be observed more commonly in materials with low shear modulus (i.e. elastomers) since the stress transfer is less effective than stiffer materials and the interfacial strength of the filler/matrix interface is small. For example, in the case of natural rubber reinforced by GNPs 83 or GO 84 with different lateral dimensions, the Young's modulus of the composites with the smaller flakes was higher than that with the largest flakes.
3.1.4 Wrinkling. The out-of-plane deflection that is caused either by shear or in-plane compression in GRMs is called wrinkling. Generally, the functionalized forms of GRMs, such as GO display a more wrinkled structure as a result of the disrup- tion of the network of sp 2 bonded carbons from the functional groups, that leads to an increased possibility for deformation and the small buckling threshold of graphene that cannot support even a small level of shear or compression. 85 Wrinkles can significantly affect the roughness and the properties of the nanoplatelets. The presence of wrinkles in the structure of GRMs is somewhat controversial since their presence essentially reduces the aspect ratio of the platelets; on the other hand, they can affect the stress distribution around the matrix and improve the stress transfer due to an enhanced shear strength of the graphene/polymer interface. 86 Additionally, there are studies that report an increase of the interactions with the polymer chains, leading to better properties. 87 The early work of Ramanathan et al. 88 revealed that wrinkled single layer graphene increased interactions with the matrix, which has as a result a higher enhancement of the mechanical properties at low loadings, compared to expanded graphite or carbon nanotubes. A similar conclusion can be taken from the study of Rafiee et al. 89 for epoxy/graphene composites, where the authors reported that the wrinkled (rough) surface of graphene led to enhanced filler/ matrix adhesion and interlocking at the interface. The wrinkles are highly irregular; however, and the application of high stress during the manufacturing or testing of the composites can alter the wrinkling pattern.
Moriche et al. 90 demonstrated that the composite preparation method can alter the morphology of the nanoplatelets significantly and consequently, their properties. The authors studied epoxy/GNP composites prepared by different methods and found out that when GNPs are firstly dispersed by sonication, they retain their wrinkled morphology, which leads to higher residual stress in the nanocomposites. On the other hand, the calendering method enabled the separation and exfoliation of the nanoplatelets and their extension via flattening ( Fig. 7 ). The number of calendering cycles is important as at higher cycles number a higher residual stress was observed. According to Wang et al. 91 the amplitude (A) (eqn (4)) and wavelength (λ) (eqn (5)) of a wrinkle is directly proportional to the flake dimensions (length and thickness):
where ν is the Poisson's ratio, L is the graphene length, t is the graphene thickness and ε is the edge contraction on a suspended graphene sheet.
3.1.5 Interfacial interactions. The ultimate properties of graphene-based polymer nanocomposites are highly dependent on the dispersion of the fillers and the interfacial interactions between the matrix and the filler. The interface of polymer nanocomposites can be engineered by functionalizing GRMs. Generally, graphene can be modified relatively easily by using covalent and non-covalent methods. Covalent functionalization takes places at the edges and the surface of graphene flakes and is based on the formation of covalent links between graphene and other functional groups while non-covalent functionalization involves processes such as hydrogen bonding, electrostatic interactions, π-π stacking interactions, polymer wrapping and other methods. 92, 93 The functional groups on the surface of GRMs can be small motifs or polymer chains that can subsequently form strong physical or chemical interactions between the graphene flakes and the polymeric matrices. 88, [94] [95] [96] [97] Based on the preparation process, different strategies for the enhancement of interfacial interactions should be followed. For example, when using solution blending, the polymers should be compatible with the solvents that will be used for the functionalization and exfoliation of the GRMs. For in situ polymerization, the graphene nanoplatelets can be functionalized prior to their mixture with the monomers or the pre-polymers, while for melt mixing the temperature of mixing should be taken into account since organic functional groups are not thermally stable at high temperatures.
Carbon nanotube nanocomposites
Even though the intrinsic properties of carbon nanotubes can ensure the good performance of the produced CNT-based nanocomposites, there are several parameters, the control of which can ensure the maximization of performance of CNTs in the composites. Some of the most important parameters include the dispersion and orientation of CNTs, the length of the CNTs, the waviness, the interfacial interaction between CNTs and the matrix and the chirality. Several investigators have attempted to evaluate those parameters individually and in combination and they will be discussed in the following section.
3.2.1 Preparation/dispersion. The state of dispersion of nanomaterials within polymer nanocomposites is known to be of vital importance for the physicochemical properties of the ultimate materials. The differences in the distribution of micro-and nano-scale fillers can be seen in Fig. 8 , where the very large quantities of CNT and GNP individual nanoparticles (only at 0.1 vol%) within a reference volume of 1 mm 3 , lead to an exceptionally large surface area within the nanocomposite. 93 In the case of CNTs, the achievement of homogeneous dispersion has been proven to be a challenging task because of the high van der Waals interactions between individual nanotubes, which leads to the formation of tangled intertwined agglomerates. The generation of these agglomerates increases the viscosity of the matrix pronouncedly, obstructing the processing procedure and making the further enhancement of the properties difficult. Especially for the case of the mechanical properties, the irregular shape of the agglomerates and their low aspect ratio leads to a poorer interface between the matrix and the filler and failure is known to initiate at these points, since they act as stress concentrators. Numerous preparation strategies have been reviewed [98] [99] [100] [101] [102] for the efficient dispersion of CNTs within polymer matrices and we will now discuss briefly some of the most important ones.
Various techniques can be employed for the melt processing of nanocomposites, such as extrusion, 103 injection moulding, 104 calendaring, 105 compression moulding 106 and others. One of the most popular approaches for the production of CNT-based composites is the blending of the polymers with nanotubes at high filler content to form a masterbatch that is subsequently diluted by adding pure polymer during production. The specimens are then produced by either injection or compression moulding. This process is also favoured by industry since handling of nanomaterials for direct incorporation into composites at varying filler loadings can be challenging. The majority of studies that have followed this approach have reported excellent mechanical properties at even high filler loadings. [107] [108] [109] [110] [111] [112] The group of Potschke has investigated extensively the effect of CNTs in a number of polymeric matrices via melt mixing and masterbatch dilution. In their research, they evaluated a number of important characteristics for the efficient dispersion of CNTs within a polymer matrix such as the screw profile, the temperature profile, the rotation speed, the injection moulding parameters and the specific mechanical energy. [113] [114] [115] [116] [117] [118] In general, higher extrusion/rotation speeds are known to lead to smaller agglomerates and better dispersion due to the higher level of shear stress that is acting on the primary agglomerates; this fact can, however, lead to a decrease of the nanotube length and a subsequent deterioration of their intrinsic properties. The dispersion of the initial agglomerates through the creation of secondary agglomerates (or clusters) of CNTs via thermal annealing in the quiescent melt as well as under shear deformation is certainly an interesting one, as it has been shown to lead to a significant increase in electrical conductivity due to the formation of a network of interconnected agglomerates. 119, 120 The overall process takes place during the mixing and includes the initial wetting of the primary agglomerates by the polymer, the weakening of the agglomerates from the infiltration of the polymer chains, then the dispersion of agglomerates by erosion and rupture and finally the distribution of the individual nanotubes in the polymer. The manipulation of shear and the elongational flow during the preparation procedure is critical in this case since it can either lead to a build-up or a destruction of the secondary agglomerates, which is subsequently reflected on the ultimate properties. 119 Solution blending is also one of the most popular methods for the production of polymer nanocomposites and for the dispersion of fillers that are known to form agglomerates readily. This method involves the dispersion of CNTs within a polymer or solvent by some form of energetic agitation, the mixing of CNTs and the polymer and the subsequent evaporation of the solvent for the production of a composite film. The functionalization of CNTs is known to improve the dispersion of CNTs significantly. Critical parts of this process for the production of the nanocomposite are the correct selection of the solvent for the dispersion of the CNTs, the time and energy applied to the CNT/solvent suspension, the efficient mixing of the polymer/CNT blend and the full evaporation of the solvent. In addition, the final step of the solution blending process can commonly induce re-agglomeration of the CNTs so strategies such as the coagulation have been applied where the CNT/ polymer suspension is poured into an excess of nonsolvent. This approach has as a result of the entrapment of the precipitation of CNTs from the polymer chains, preventing them from bundling. 121, 122 In situ polymerization involves the dispersion of nanotubes in monomers and the subsequent polymerization of the monomers. 123 This process is quite useful for the preparation of nanocomposites when the polymer matrix is resistant to chemicals or possesses properties that make melt mixing difficult (i.e. high melting point, high viscosity etc.). The functionalization of the CNTs prior to the mixing with the liquid monomer or solvent can induce better dispersion within the composites. It should be noted, though, that at higher CNT contents there is a lack of polymerization reactions as well as the major increase of viscosity. Nevertheless, in situ polymerization enables grafting of the polymer molecules onto CNTs and the formation of covalent bonding between the CNTs and the matrix by various condensation reactions, leading to significantly improved mechanical properties.
As mentioned earlier, LbL assembly is a versatile technique that can enable the creation of high performing, multifunc- tional nanocomposite materials. In the early work of Mamedov et al., 124 the authors fabricated free-standing single-walled CNT/polyelectrolyte membranes with enhanced strength, as a result of the minimization of structural defects originating from phase segregation. Since then, a number of works have dealt with the preparation and the properties of CNT-based LbL assemblies and the enhanced performance of the nanocomposites in terms of the mechanical, electrical and other properties have been clearly exhibited. [125] [126] [127] [128] Combinations of the above-mentioned techniques have also been employed by a number of groups for the efficient preparation of high-performing CNT-based composites. For example, CNTs have been coated with polyethylene by in situ polymerization of ethylene catalyzed directly from the nanotube surface and they have been subsequently melt-blended with HDPE, 129 ethylene-co-vinyl acetate (EVA) 130 or polycarbonate. 131 Another combination that has been applied is the use of solution blending and extrusion such as in the studies of Thostenson and Chu where CVD-MWCNTs were dispersed in a solution of polystyrene in tetrahydrofuran (THF) to form a nanocomposite film, which was subsequently chopped and extruded. The resultant nanocomposites showed improved tensile modulus, yield strength and ultimate strength. 132 3.2.2 Orientation. The one-dimensional nature and high aspect ratio of CNTs can be exploited further through their alignment. In this way, their exceptional anisotropic properties can be realized by further improving the mechanical and multifunctional properties of the nanocomposites. It should be pointed out that orientation is not always preferable for mechanical reinforcement since the anisotropy can reinforce the material significantly in the direction of alignment, while the tensile properties can be worsened in the other directions. Various strategies have been explored in the literature for the alignment of CNTs, including the application of an electric or magnetic field, the use of mechanical force, and electrospinning. 133 Electric fields have been utilized in a number of creative ways in order to induce alignment of CNTs within a matrix. Importantly, the behaviour of CNTs can be controlled by adjusting the gap between the electrodes of the AC or DC electric fields and it is highly dependent on the surface charge and the type and frequency of electric field. More specifically, in the application of an AC electric field the alignment of CNTs takes place due to their dielectrophoretic behaviour, since the electrophoretic mobility of the field is zero and CNTs essentially disrupt the homogeneity in the electric field. Thus, the use of AC electric fields has been reported to be more effective in the production of uniform and aligned networks, such as in the work of Martin et al. 134 The parameters of the AC electric field, such as the field voltage and frequency are vital for inducing orientation of CNTs; it should be noted, however, that increased voltage can also promote a degree of agglomeration, so a fine balance has to be maintained. 135 Moreover, as the research of Ma et al. has shown, oxidized MWCNTs were dispersed and aligned in PMMA at a higher degree than their un-functionalized counterparts due to a higher amount of charges and a larger dipole moment. 136 On the other hand, on the application of a DC electric field, the CNTs move towards the electrodes of opposite charge as a result of their electrophoretic mobility and the surface charge. The alignment in this case can be controlled by the level of applied potential. The important work of Kim and coworkers 137 evaluated the orientation of MWCNTs in an epoxy matrix as a function of the DC electric field. As well as an exceptionally-low electrical percolation threshold of about 0.0031 vol% in the direction of alignment, the tensile modulus of the oriented composites at 0.3 wt% CNTs was 40% higher than for the neat epoxy, while the fracture toughness was 51% higher at the same filler content. For higher filler loadings, the Young's modulus was reduced, as a result of a reduced degree of alignment; the increased loadings also lead to an increase in the viscosity of the epoxy resin, thus making it more difficult for the CNTs to move and orient under the DC field. It should also be noted that the transverse storage modulus obtained by dynamic mechanical analysis for the aligned CNT composites was lower than that of the randomly-oriented CNT composites due to the lower restriction of the macromolecular chains of the resin in the transverse direction, similar to the work of Zhu et al. 138 The application of a magnetic field is another method for the fabrication of oriented MWCNT-based nanocomposites. 139, 140 The fabrication of MWCNTs commonly involves the use of metal catalysts such as Fe, Co or Ni, an amount of which can remain in the MWCNTs after the preparation procedure and subsequently respond to the application of low magnetic fields. Ma et al. aligned CNTs with Ni particles as a residual catalyst in an epoxy under a low magnetic field of 0.4 T. 141 The authors reported that the alignment of CNTs perpendicular to the crack plane resulted to significantly higher fracture toughness and energy compared to the randomly oriented CNT samples or to the samples where CNTs were oriented parallel to the crack plane. Another similar method involves the coating of CNTs with superparamagnetic particles, which can facilitate the orientation of the nanotubes. 142 Kimura et al. 143 first reported on the use of a magnetic field of 10 T for the polymerization of a polyester resin and MWCNTs. The storage modulus measurements revealed that the alignment of the MWCNTs attributed a higher increase of the modulus in the parallel direction compared to that for the perpendicular direction. There are also reports where the orientation of MWCNTs in an epoxy matrix by magnetic field has also been shown to degrade the mechanical properties of the system due to a decoupled orientation of the polymer chains due to the inhibition of the macromolecular chain movement and the formation of a highly-disordered complex microstructure. 144 This fact once again reveals that the alignment of CNTs in an epoxy resin is highly dependent on the cross-linking molecules and the core polymer component of the resin.
The alignment of CNTs can also be attained by the use of mechanical force during the processing of the nanocomposites. For example, flow-induced alignment of MWCNTs has been achieved by the application of intense drag/shear forces during the moulding process in a variety of polymer matrices. [145] [146] [147] [148] Mechanical stretching is also a technique that has been proven to produce aligned CNTs. 149, 150 Jin et al. 151 followed this procedure for CNTs in a polymerized matrix, however, it is important to understand that the large draw ratio can lead to unfavourable interface binding between CNTs and the matrix. Also, Schulte and coworkers aligned high loadings of CNTs in an epoxy matrix, at a MWCNT fraction of 68 wt% by applying hot-press infiltration through a semi-permeable membrane. The Young's modulus in the direction parallel to the alignment was in the order of 36 GPa, while the electrical conductivity was 3.7 × 10 4 S m −1 .
Finally, electrospinning is another method, amongst many, that can be used for the production of aligned CNT-based nanocomposites. 152, 153 A number of studies, such as the one of Cheng and coworkers 154 on polyacrylonitrile/MWCNT composite nanofibre sheets produced by electrospinning have reported an improvement in the mechanical properties. [155] [156] [157] More recently King et al. 158 managed to engineer single-and double-walled CNTs into highly aligned arrays by electrospinning poly(ethylene oxide) and functionalized CNTs solutions ( Fig. 9 ). Mechanical testing revealed that at a CNT loading of 3.9 wt%, the strength and ductility were improved by a factor of 3, while the modulus increased by a factor of 4. The process can be further optimized in order to allow a higher control of the nanotube orientation, by using a magnetic field. Magnetic field assisted electrospinning is easy to set up by using just two magnets added to conventional electrospinning, the CNTs are highly-aligned and the resultant fibres can be easily transferred to other substrates. 159, 160 The quantification of the spatial orientation of CNTs was made firstly by Liu et al. 161 by adjusting the theory developed earlier to quantify the orientation of polymer chains, including liquid crystals. 162 The orientation of a carbon nanotube is defined by its axial direction in a coordinate system. The Raman scattering intensity, obtained from the products of the tensors of the CNT and the vectors of Raman laser representing its polarisation directions, can be expressed as a function of the polarization angle Φ for the VV polarisation configuration:
where P i (cos θ) is the Legendre polynomial of the i-th degree and <P i (cos θ)> is the average value. Specifically, the definition of <P 2 (cos θ)> is the same as the well-known Herman's orientation factor (S) commonly used in polymer field. From eqn (6) it can be understood that the higher the <P 2 (cos θ)> and <P 4 (cos θ)> values, the better the orientation of CNTs in a composite. <P 2 (cos θ)> and <P 4 (cos θ)> being equal to unity stands for the unidirectional orientation of CNTs, while <P 2 (cos θ)> and <P 4 (cos θ)> being equal to 0 means that all the CNTs are randomly oriented three-dimensionally in bulk. This, as calculated by Krenchel 163 for the case of fibres, reduces the reinforcement efficiency to only 1/5, as compared to unidirectionally-oriented CNTs in composites.
Nanotube dimensions.
The length of CNTs is a very important parameter for the mechanical reinforcement of polymer matrices as a critical fibre length exists for the efficient load transfer from the matrix to the fibre and the stiffening of the nanocomposite. However, very long tubes have increased tendency to agglomerate and form entaglements; thus, they are much more difficult to disperse homogeneously within a matrix. This has been clearly shown in the study of Bai and Allaoui, where the shortest MWCNTs outperformed the longest ones in terms of mechanical properties due to a reduction of the agglomerates as a result of their length. 164 Moreover, it should be kept in mind that high energy processes such as sonication or ball milling that precede the mixing procedure are known to lead to a damage of the nanotube structure and a decrease of the average length. 165 The critical length l c for effective load transfer from a matrix to the fibre is given by the following equation:
where σ f is the tensile strength of the fibre, d is the diameter of the fibre and τ c is the strength of the fibre-matrix bond. It implies that for CNT lengths lower than the l c , the CNTs cannot be gripped to the matrix and as a result they will slip during the elongation procedure, therefore not transferring stress effectively. Wan et al. 166 established the minimum critical length of SWCNTs to be in the order of 270 nm if no weak interphase exists between the filler and the matrix. The authors also revealed that the effective modulus of long SWCNT fibres can be about twice that of short fibres (Fig. 10a ). There are also studies such as the one by Wang et al. 167 where the differences in the length of MWCNTs did not affect the elastic properties of the composites. It should be noted that even though in this work the length of the tubes increased, the diameter also increased and as a result the aspect ratio of the MWCNTs remained unchanged; this can explain the mechanical properties of the composites being unaffected.
The diameter of the tubes is another important parameter for the reinforcement of polymeric matrices. SWCNTs possess smaller diameters and larger specific surface areas than MWCNTs. This large surface area can be beneficial for good stress transfer; however, it induces strong attractive forces between CNTs, which subsequently leads to excessive agglomeration. Multi-walled CNTs display larger diameters and as a result can be dispersed more efficiently but their shorter length can lead to the formation of a smaller interface for stress transfer and lower aspect ratio, thus poorer mechanical properties. Larger diameter nanotubes can also exhibit a lower effective modulus due to inter-wall slippage. 168 It is clear, therefore, that a fine balance need to be maintained between the number of walls and the specific surface area in order to compromise between mechanical reinforcement and homogeneous dispersion. Cadek et al. showed that the low diameter MWCNTs were more efficient for reinforcing poly(vinyl alcohol) (PVA) since SWCNTs formed a number of agglomerates and DWCNTs were able to reinforce the matrix only up to 1 wt%. 169 Wagner and coworkers have identified that smaller diameter nanotubes formed a stronger interface with a polyethylene-butene matrix, a fact that led to a higher fracture energy, as measured by single fibre pullout tests (Fig. 10b ). 170 Finally, the work of Thostenson and Chou has clearly shown that larger nanotube diameters leads to a lower effective modulus and to the occupation of a greater volume fraction in the composite, compared to lower diameter nanotubes. 171 3.2.4 Waviness/curvature. The nanotube waviness or curvature can act as a limiting agent for the maximization of the mechanical properties of a polymer matrix, leading to a decreased stiffness. The waviness of nanotubes is not a parameter that can be fully addressed experimentally and for this reason, several attempts have been made in the literature for modelling the behaviour of nanotubes and its effect on the effective modulus of the composites by applying micromechanics, 172,173 molecular dynamics simulations, 174 finite element methods [175] [176] [177] [178] and combinations of them. 179 For example, Fisher et al. proposed a combination of finite element and micromechanical methods for the determination of the effective modulus of a wavy CNTs embedded in a matrix, 180 and it was found to be dependent on the ratio of the sinusoidal wavelength to the nanotube diameter. 181 The general consensus from all of these studies is that the high waviness of nanotubes has a detrimental effect on the mechanical properties of the CNTs and especially on the effective axial stiffness that they contribute to the nanocomposite.
3.2.5 Interfacial interactions. As mentioned earlier, the performance of CNTs within polymers is heavily dependent on the interfacial interactions between the components of the system. The aromatic nature of the carbon bonds on the CNT walls makes them chemically stable and the interaction of the un-functionalized CNTs with the polymer takes place mainly through weak van der Waals interactions. Different chemical modification schemes have been explored in the literature for the enhancement of the polymer/nanotube interactions such as π-π or electrostatic interactions, chemical bonding and van der Waals force. Numerous researchers have devoted their efforts in fine-tuning these interactions and the introduction of functional moieties for the development of a strong chemical affinity between the corresponding polymer matrix and nanotubes for the efficient transfer of mechanical load. The topic of chemical functionalization of CNTs for the enhance- ment of the interactions with the polymer matrices has been covered extensively by a number of well-cited reviews and will not be discussed further. 98, 99, 101, 182 4. Composite micromechanics
Rule of mixtures
The simplest and most straightforward relationship that was developed originally for the description of the reinforcement of a low modulus matrix by a high modulus fibre, for stress parallel to the fibre direction, is the rule of mixtures. The Young's modulus of a composite E c consisting of infinitely long and aligned fibres is given by:
where E f and E m are the moduli of the fibre and the matrix and V f is the volume fraction of the fibre. Despite its simplicity, this relationship has been confirmed on numerous occasions to be effective in describing the essence of fibre reinforcement, especially at low fibre contents. Thus, when strain is applied to both the fibre and the matrix, the stress in the fibres is much higher than that in the matrix, with the fibres carrying most of the load and subsequently reinforce the low modulus matrix.
The above relationship has been applied in a large number of investigations upon polymers reinforced with GRMs 2 and the results clearly revealed the differences in the stress transfer mechanisms among polymer matrices with different degrees of stiffness. From the E f versus E m plots for different GRMs (Fig. 11 ) it was concluded that the filler modulus scales with the matrix modulus and stress is transferred more effectively when the matrix is stiffer. However, given the fact that the above equation does not take into account important factors such as the orientation, the length (or aspect ratio) and the agglomeration of the fibres (which are all very important in the case of nanocomposites), it should be mainly used as an approximation for the modulus of the filler or of the composite. Based on this, a modified rule of mixtures has also been proposed for the calculation of the Young's modulus of a composite:
where E eff is the effective modulus of the fibres, η o is the Krenchel orientation factor, which depends on the average orientation of the fibres with respect to the applied stress and η l is the length factor, which depends on both the length of the fibre and the interface between the fibre and the matrix. The Krenchel orientation factor can be obtained experimentally, as it has been shown in the previous section, via the use of polarized Raman spectroscopy for the correlation of the degree of spatial orientation of the reinforcement with the mechanical properties of the nanocomposites. Other techniques such as X-Ray diffraction, 183, 184 transmission electron microscopy, 185 and fast Fourier transformation with scanning electron microscopy (SEM) 186 have also been used. Overall, as mentioned earlier, the Krenchel orientation factor for aligned nanotubes or nanoplatelets is equal to unity (η o = 1), while for the case of nanotubes oriented in two dimensions the η o = 3/8, while for nanoplatelets η o = 1. Finally, for randomly oriented nanotubes, the η o = 1/5, while for nanoplatelets η o = 8/15 (Fig. 12 ). 78, 187 Since random orientation is the most common situation for polymer nanocomposites where graphene-related materials or carbon nanotubes are used as reinforcements, the higher reinforcing efficiency in this respect, of the GRMs is clear. The length factor (or fibre length distribution factor) can be calculated by using the Cox equation:
where s is the aspect ratio of the fibre and n ¼ ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
The main assumption behind the use of the length factor is that the matrix and the filler remain elastic during deformation, the interfacial bonding is perfect, while on the basis of the shear-lag theory the shear stress at the ends of the fibre is maximum and falls to zero after half the critical length.
Li et al. 188 included an agglomeration factor (η a ) within the modified rule of mixtures, taking values between 0 and 1. It is 1 for perfect dispersion and effective stress transfer from the matrix to the filler and 0 is for major agglomeration, so that the effect from the nanoscale dimensions of the filler is diminished and thus nearly no stress transfer takes place. The modified Rule of Mixtures (mROM) in this case takes the form:
and the product η a V f can be considered the effective volume fraction, which essentially is the volume fraction of the flakes that transfer the strain effectively as a result of good dispersion and no agglomeration with other nanoflakes. 
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For the case of CNT-based composites, Omidi et al. 189 also modified the classical rule of mixtures, in order to account for the non-linearity in the modulus at higher loadings of CNTs (V NT ), in an epoxy-MWCNT composite with filler contents up to 10 wt%. The proposed equation involves several parameters that are crucial for effective reinforcement in CNT-based composites such as an exponential shape function, a length efficiency parameter (κ l ), an orientation factor (κ o ) and a waviness parameter (κ w ). The final form of the modified rule of mixtures proposed by Omidi et al. 189 is:
where
The results from the application of eqn (12) reveal that the fitting is quite good when the waviness parameter (κ w ) is 0.4, showing high degree of waviness, given the fact that for straight nanotubes κ w = 1.
The rule of mixtures gives a simple yet reliable estimation of the Young's modulus of composites based on the modulus and volume fraction of each component. It considers the major factors that determine the performance of the composites, which is particularly useful for industrial applications so, during development, major issues can be prioritised.
Shear-lag analysis
The rule of mixtures was derived originally for continuous fibres, hence some assumptions were made for simplification, such as perfect/elastic interfacial bonding, infinitely long fillers, unidirectional alignment of fillers etc. 190 For continuous fibres these assumptions are valid, but when the size of fillers decreases, e.g. discontinuous or chopped fibres, modification of those assumption has to be considered. As the interfacial adhesion is related closely to the size of filler, when the filler has a finite size, the stress transfer through interfacial adhesion is reduced. Kelly 191 discussed how stress can be transferred from matrix to fillers with finite length in his book Strong Solids, where the interfacial shear stress on the filler is balanced by the axial stress. In this scenario, the deformation of both filler and matrix can be depicted schematically in Fig. 13 .
It can be seen that under axial deformation, the filler deforms the most in the central part while deforms the least at the edges, which leads to a high interfacial shear stress at the edges of filler as a result of the large displacement between filler and matrix around filler edge.
This stress distribution can be quantified by using the 'Kelly-Tyson' model, 7 assuming a constant shear stress at the ends of fillers. A more accurate model was proposed by Cox, 6 i.e. the 'shear-lag' model, for fibres in paper science which has been widely studied and applied since then. 192 For 1D fibres, it has the form as below, while detailed discussion of the 'shearlag' theory can be found elsewhere: 193
In eqn (13) , σ f is the stress on the filler, E eff is the Young's modulus of the filler, and e m is the strain applied to the matrix. R and r stand for the radius of the representative volume element and the filler, respectively. l is the length of filler in the strain direction, along which the position is defined as x. Although not mathematically rigorous, eqn (13) presents a way of estimating the stress distribution of the filler along the strain direction. Dividing both sides by the modulus of fillers one can obtain the strain distribution as well. On this basis, the shear stress τ i along the filler can be derived by differentiating eqn (13) to give:
Eqn (15) shows one of the major differences from the Kelly-Tyson model, i.e. the non-constant interfacial shear stress. Likewise, for 2D fillers such as graphene, the shear-lag model has been revisited recently and modified as: 5
Apart from t and T denoting for the thickness of the 2D filler and the representative volume element, other parameters have the same physical meaning as eqn (17) for a 1D filler. Similarly, the shear stress along a 2D filler can be written as:
Both the 'Kelly-Tyson model' and the 'Shear-lag model' depict the stress transfer efficiency from matrix to fillers in composites where the strain in fillers starts to build up from the edge and reaches the strain applied to the matrix at a distance from the filler edge (Fig. 14a ), and 90% of this distance is defined as the 'critical length-l c '. The region in the critical length reinforces the composite poorly while the central part delivers an effective reinforcement, in accordance with Fig. 4 . The size of l c has been found to be several hundred µm for fibres 194 and 2-4 µm for graphene, 5 though it can vary with the level of strain even for one system. In order to give an effective reinforcement, it is usually considered that the size of fillers needs to be 10 times of l c . 5 Fillers with size below this value are still able to provide reinforcement, however with a significantly reduced reinforcement efficiency, especially when the size of filler is comparable to l c (Fig. 14b ).
When the applied strain is over a critical value, fragmentation of the fillers occurs, e.g. ∼1.0% for fibres. 194 Its strain distribution as found by using the stress/strain sensitive Raman band position shows that strain in each fragmented fibre is very low as a result of the length of the fragments being shorter than or comparable to the critical length of fibres. Similar behaviour has been found on graphene which is equivalent to having a significantly reduced 'length factor'. 195 The discussion above highlights the great importance of the interfacial adhesion in composites as the load is normally applied only to the matrix and not the fillers. Interface modification can be employed to strength the interface, and typical techniques include physical approach (interface roughening) and chemical modification ( plasma, functionalisation etc.). 196 The levels of interfacial adhesion can be evaluated by using several techniques such as pull-out, push-out, microdroplet and fragmentation test. 197 Regarding the stress/strain distribution of filler, Raman spectroscopy has been demonstrated as a powerful and quantitative tool by simply monitoring the stress/strain sensitive Raman band position 198 and will examined in detail in the next section.
Micromechanical models can be combined to deliver a more accurate and rigorous prediction and estimation of the mechanical properties of composites. For example, the rule of mixtures can be modified by implementing the 'shear-lag' theory with more factors being taken into consideration such as the size and spatial orientation of the fillers. In our previous study we combined the shear lag theory with the modified rule of mixtures in order to understand the mechanisms of reinforcement of polymers from graphene nanoplatelets. 195 Thus, starting from the mean stress along an aligned individual nanoplatelet:
If we substitute x in the shear-lag equation with the aspect ratio of a graphene nanoplatelet (l/t ) then the eqn (16) can be rewritten as: For uniform strain, after combining eqn (16) and (20) and performing a series of substitutions and Taylor series, the final equation for the modulus of graphene nanoplatelets within a composite is given:
where ν is the Poisson's ratio of the polymer matrix.
Substituting this equation back into the rule of mixtures equation with the assumption of t/T ∼ V f we obtain the final equation:
As can be understood, the value of the E f (and subsequently of E c ) depends upon the degree of orientation (η o ), the interfacial parameter t/T which is essentially an indication of the strength of the interface and most importantly, of the aspect ratio s of the nanofiller. It is also interesting to notice that on first observation the composite modulus is essentially independent of the filler modulus (at least for soft polymers where E m < 500 MPa) and depends mostly on the above-mentioned parameters.
Another very important parameter in the use of the shearlag theory and the subsequent derivation of eqn (21) , which explains the mechanism of reinforcement of polymers from graphene-related materials is the interfacial parameter t/T. This parameter depends upon how fast the stress decays into the matrix away from the nanofiller and it is controlled generally by the volume fraction of the filler and the strength of the interface between the filler and the matrix. In a bulk nanocomposite, the t/T ratio is associated strongly with the proximity of neighbouring particles and hence the volume fraction of the filler. Liu et al. 199 proposed a mechanical percolation mechanism for the reinforcement of a thermoplastic elastomer by graphene. The authors designed a set of equations for V f below and above the percolation threshold volume fraction (V p ). Below V p the reinforcement originates from the inherent ability of individual GNPs to transfer stress effectively ( Fig. 15a  and b ), while above V p , accelerated stiffening is observed due to the reduction of the distance between adjacent flakes ( Fig. 15c and d) . The proposed equations are:
for V f < V p and in this case the interfacial parameter equals to V p and
for V f ≥ V p . The three-stage reinforcement model was found to fit the experimental results very well (Fig. 15e ).
Semi-empirical models
In addition, there are also other micromechanical models that one can adopt to predict the Young's modulus of composites, such as Halpin-Tsai model 200 and the Mori-Tanaka model. 201 The Halpin-Tsai model can be shown as below:
E c and E ∥ are the Young's modulus of composite with randomly-oriented and unixially-aligned fillers, respectively. Eqn (25) and (26) can be applied for both the 1D and 2D fillers but it is worth noting that the definition of s is sometimes slightly different. 202, 203 The parameter s is generally dependent on both the geometry and the boundary conditions of the reinforcement. Thostenson 
The nanotube diameter must be known for the application of the above equation, as it is very important to the reinforcement efficiency of CNTs, while it should also be noted that eqn (27) is valid only for l > d > 4t.
The excellent work of Liu and Brinson 187 has clearly identified that the amount of interface in carbon nanotube-based composites, compared to nanoplatelet-based composites (assuming perfect dispersion and equal ability for polymerfiller interactions), is significantly larger. Thus, the mechanical reinforcing efficiency of nanotubes is higher than that of nanoplatelets of the same aspect ratio, for longitudinal properties of the aligned composites. Given the fact that for commercially-available CNTs and GRMs, the aspect ratio of GRMs is significantly lower than CNTs, the later are expected to perform better towards modulus reinforcement, when oriented along the tensile axis.
Other factors
From the micromechanical models discussed above, it can be seen that the size and spatial orientation of fillers play significant roles in determining the Young's modulus of composites, hence their quantification is of paramount value. However, it is worth pointing out that other factors are also influential. In particular, the waviness and wrinkling induced during manufacturing especially for fillers at nanoor micro-scale. They are thought to be the reason why the experimental values are lower than the ones predicted from theoretical models. Furthermore, agglomeration is another reason that many studies in the literature have used to interpret the deviation between the measured and estimated Young's modulus of composites. Due to their different scale and hence much large surface area than macroscale fibres, nanofillers are prone to agglomerate. Although practically difficult, attempts have been made to use models to predict the effect of agglomeration on the mechanical properties of composites. 204 
Analysis of GRM-and CNT-based composites using Raman spectroscopy
Raman spectroscopy is a non-destructive experimental technique that can be used to characterise in detail all sp 2 carbons from zero to three dimensions such as fullerenes (0D), 205, 206 carbon nanotubes (1D), 207 graphene (2D) 208 and graphite (3D). 209 The physical properties of sp 2 carbons that are corre- (23) and (24) for a TPE-GNP nanocomposite. 199 lated to electrons and phonons can be obtained through Raman spectroscopy, along with unique crystallographic and vibrational information. 210 The usefulness of Raman spectroscopy in the study of sp 2 carbons lies in the combination of the Raman process with optical absorption to (or emission from) an excited state; in this case the Raman intensity signal can be enhanced by several orders of magnitude by resonance. 211 The specific effect is the reason why the one-atomthick graphene can provide a strong and well-defined Raman signal or why individual single walled carbon nanotubes can be clearly identified. In this review, we will focus on the Raman spectroscopy of carbon-based nanocomposites and the information we can obtain through the application of this technique, since the use of Raman for the study of graphene or carbon nanotubes has been well documented and presented in detail in a number of highly-cited reports. [212] [213] [214] [215] 
GRM-based nanocomposites
As in the case of carbon fibres or carbon nanotubes, Raman spectroscopy has been employed extensively for the study of the micromechanics of reinforcement by graphene-related materials (GRMs) in nanocomposites. The strong resonant Raman scattering, even from a one-atom-thick graphene flake, produces a well-defined Raman signal and enables the observation of a number of very interesting phenomena under various conditions ( Fig. 16) . One of the parameters that enhance the usefulness of Raman spectroscopy in the study of GRMs is the fact that pronounced differences can be observed between flakes with a different number of layers. For the case of monolayer graphene, the intensity of the characteristic 2D (or G′) (∼2690 cm −1 ) band is twice the intensity of the G band (∼ 1580 cm −1 ), while in the case of bilayer graphene flakes, the 2D band is comparable or even weaker than the G band. Furthermore, a change of shape can be seen due to the resonance effects in the electronic structure of the two-layer material, while also a shift of the 2D band towards higher wavenumbers can be observed for bilayer graphene. 216 With increasing number of layers the 2D band shifts to even higher wave-numbers and more asymmetric/broader shape, while for more than 5 layers, the signal resembles the one of graphite. The defect-induced D band, which is usually found in different forms of graphitic carbon is most commonly observed in the case of imperfect graphene prepared by methods such as chemical vapour deposition (CVD) and thermal expansion, while it is very prominent in graphene oxide as a result of defects, vacancies and distortions induced during oxidation.
Raman spectroscopy can be used for the detailed study of both free-standing graphene-related materials, graphene deposited on a flexible substrate or graphene-filled polymer nanocomposites. For this reason, this section will be divided into two parts: the investigation of the mechanical properties of (i) graphene flakes on a substrate and (ii) graphene-based polymer nanocomposites and "model" nanocomposites.
5.1.1 Graphene flakes deposited on a substrate. The deformation of monolayer graphene deposited on a flexible substrate leads to significant bond stretching and lattice distortion, which can be realised through the downshift of the characteristic 2D band. The work of Mohiuddin et al. 217 first identified correctly that for the monolayer, the characteristic downshift of the 2D band is in the order of −60 ± 5 cm −1 % −1 strain, after uniaxial bending, consistent with the material having a modulus in the order of 1 TPa. This value was further confirmed in several studies from different research groups. It is generally considered in the literature as the reference value for the redshift of the Raman 2D band of graphene under tensile strain and can be used as the calibration value for the evaluation of strain within monolayer graphene. The authors reported the splitting of the G peak into the G + and G − peaks (similar splitting takes place in CNTs due to curvature), while the 2D and 2D′ bands did not split at low strain levels. The red shift calculated for the G + band was −10.8 cm −1 % −1 strain and for the G-band was −31.7 cm −1 % −1 strain, approximately half of the 2D band. It is known that the G + band is polarized perpendicular to the strain axis, while G − is polarized along the strain axis and the difference in the downshift of these two bands originate from their eigenvector orientations. The authors also calculated the Grüneisen parameter for the first time by using the equation:
where ε h = ε II + ε tt is the hydrostatic component of the strain and l and t refer to the parallel and perpendicular directions of the strain, while ω 0 m and ω h m correspond to the frequency of the phonons of peak m at zero strain.
After a series of substitutions and transformations the final form of the Grüneisen parameter for the graphene bands takes the form:
The Grüneisen parameters obtained were γ G = 1.99, γ D′ = 1.61, γ D = 3.55 and β G = 0.99. Galiotis and coworkers 218 further confirmed the original findings of Mohiuddin et al. 219 when Fig. 16 Raman spectra of graphene showing the difference in spectra between monolayer, bilayer and multilayer samples. 198 they deformed monolayer graphene flakes under tension and compression. The high flexibility of graphene was revealed by the buckling of the material at about 0.7% strain. Also, the ∂ω/∂ε was reduced from +25 cm −1 % −1 strain to zero at ∼0.7 strain, indicating the presence of residual strain. It should be noted that in the case of nanocomposites, the rate of decrease should be smaller, as simply deposited and uncoated flakes are more prone to detachment under compressive forces.
Polyzos et al. 220 managed to suspend monolayer flakes for the evaluation of the "true" uniaxial deformation. This was achieved by sandwiching the monolayer flake between two PMMA layers and by suspending its central part by the removal of a section of PMMA with e-beam lithography. The authors reported on the splitting of both G and 2D bands of graphene and the results of the G band were in accordance with the ones obtained by Mohiuddin et al. 219 for graphene suspended in air ( Fig. 17a and b) . On the other hand, the reported strain sensitivities of −84 cm −1 % −1 strain for the 2D 1 and −94 cm −1 % −1 strain for the 2D 2 components of the 2D peak are the largest values of phonon shifts reported for uniaxial deformation ( Fig. 17c and d) . This study reveals the difficulties in the application of uniaxial strain in 2D materials deposited on a flexible substrate and proposes a good practice for the manipulation of graphene on the nanoscale and the implementation of experimental mechanical measurements.
In addition to monolayer graphene, the investigation of graphene with a larger number of layers is of utmost importance for practical applications, since the inherent properties and behaviour of few-and many-layer graphene should be identified, as they will be used mostly for the fabrication of bulk nanocomposites. Gong et al. 221 undertook a study on the effect of the number of layers on the downshift of the characteristic Raman bands and it was found that there is a decrease in the band shift rate with increasing layer number (Fig. 18a ). Monolayer and bilayer graphene display almost the same redshift rate, while from that point on the shift of the 2D band decreases as a result of weak van der Waals forces between the layers and lower internal stress transfer. Additionally, the G band of trilayer graphene was reported to split into the G − and G + components at higher strains in tension (Fig. 18b) , while as expected, in compression, both Raman peaks (G and 2D) blueshift up to a critical compressive strain ( Fig. 18c and d) . 222 The trilayer graphene possesses a higher bending rigidity compared to the monolayer, however it has been reported that its critical strain is 4 times smaller than the one found in single layer graphene. Since earlier studies established that shear at the graphene-substrate interface is the mechanism of stress transfer, Anagnostopoulos et al. 223 investigated the effect of the edges of graphene upon axial stress transfer by Raman mapping near the edges of a monolayer that was supported onto a SU-8/PMMA matrix. The authors revealed that the presence of unintentional doping, residual stresses (from the preparation procedure) and/or edge defects lead to a deviation from the classic shear-lag prediction for a region of ∼2 μm from the edge. This should be taken into account, especially in studies where mapping of graphene flakes is performed by Raman spectroscopy and the experimental results of stress versus position are (commonly) fitted with the shearlag equation.
Raman spectroscopy can be also applied for monitoring the response of the G band of monolayer graphene in relation to the response of carbon fibres to the application of strain. 224 A universal value of average phonon shift rate with axial stress has been proposed to be −5ω 0 −1 (cm −1 MPa −1 ) where ω 0 is the G peak position at zero stress for both graphene and carbon fibres with an annular morphology. Another very important aspect of this work was the construction of a universal plot for the downshift of the G band that enables the quantification of the shift for all graphitic materials (Fig. 19) . Chemical functionalization is considered to be one of the most prominent methods for the improvement of the interactions between a nanomaterial and a polymer. In this context, Zhang and coworkers 227 functionalized monolayer graphene deposited onto a PMMA beam in order to improve the Fig. 17 (a) The G-peak of a suspended monolayer graphene flake at various strain levels; the splitting of the G − and G + components are clearly seen. Each strain level corresponds to a different lateral position across graphene. (b) The two components of G peak (G − and G + ) and the respective downshift of the G peak as a function of strain. The straight lines are least-squares-fitted to the experimental data. (c) The 2D-peak of suspended monolayer graphene in air at various strain levels interactions between the two materials. The authors utilized an O 3 /H 2 O gaseous mixture in order to oxidize the monolayer under a controlled functionalization procedure. The strain distribution (ε g ) can be plotted as a function the position (x) along the length direction based on the shear lag model (eqn (16)). As mentioned earlier, the shear-lag equation suggests that the strain is maximized at the centre of the flake (x = 0) and the maximum interfacial shear stress occurs at the edges (x = ±L/2). From Fig. 20a it can be seen that eqn (16) fits well the experimental results at low strains, while beyond the critical sliding strain (ε c ) it is not able to predict the strain distribution as a result of interfacial sliding at the edges.
The results revealed that the stress transfer is more effective for functionalized monolayers (Fig. 20b ), leading to enhanced mechanical properties due to the formation of hydrogen bonds at the interface. The interfacial shear strength (τ c ) was also derived based on the linear slope of the strain distribution according to:
where E gra is the modulus of monolayer graphene (1 TPa), t = 0.35 nm and dε/dx is the slope of gradient in sliding zones. Importantly, the τ c values for functionalized graphene (≈1.7 MPa) were almost four times higher than that of monolayer graphene, indicating the effectiveness of functionalization on the formation of a stronger filler/matrix interface. Another interesting observation from this excellent study is the effect of excessive O-containing groups under high degrees of functionalization, which create a high number of defects and induce crack initiation and propagation under tension. Therefore, a balance should be kept regarding the amount of functional groups in graphene for efficient mechanical reinforcement.
The majority of publications dealing with of strain in graphene and the in situ evaluation of the Raman spectra follow the uniaxial deformation of graphene-related materials. The application of biaxial strain and the study of the Raman spectra is also of utmost importance as this procedure is highly related to the performance of graphene in thin films, membranes and pressure sensors. A few studies have made an attempt to evaluate the behaviour of 2D materials under biaxial strain. Casiraghi and coworkers 228 created graphene bubbles (or balloons) where monolayer and bilayer graphene was strained biaxially. The Grüneisen parameter was obtained and was in agreement with the report of Mohiuddin, while the small strain (∼1.2%) did not affect the stacking configuration. It was also reported that doping and strain caused by the interactions of graphene with the substrate, can also affect the Grüneisen parameters and these are the most important reasons why there are variations in the literature regarding the Grüneisen parameters of graphene. For example, in the work of Ding et al., 229 piezoelectric actuators were used for the application of biaxial strain but the Grüneisen parameters of the D and 2D bands were different than the ones obtained from Casiraghi and coworkers 228 (γ D = 2.3 and γ 2D = 2.98). In a manner similar to the previous study, Lee et al. applied pressure to graphene suspended over round holes and measured the strain after inducing a bulging of the samples, similar to balloons. The Grüneisen parameter were taken to be equal to γ = 2.2 ± 0.1 and the shear deformation potential was taken equal to β = 0.93 ± 0.04; thus, the strain was calculated by: Δω b = −2ω 0 γε b , where ω 0 is the frequency of unstrained graphene and ε b is the biaxial strain. The G peak shift was in the order of −13 cm −1 % −1 strain, while the biaxial modulus of monolayer graphene was equal to 2.4 ± 0.4 TPa, while for bilayer was equal to 2.0 ± 0.5 TPa. It should be noted that these values might be slightly higher than the usual values of Fig. 18 Shifts with strain of the 2D band for adjacent monolayer, bilayer, and trilayers regions on a graphene flake showing monolayer, bilayer and trilayer regions, along with the shift with strain for the 2D band of a multilayer flake (all 2D bands were force fitted to a single Lorentzian peak) 221 (Copyright 2012 by the American Chemical Society). (b) Evolution of the G Raman peak under uniaxial tensile strain in a trilayer part of a flake displaying regions with different thickness. The evolution of (c) G and (d) 2D Raman peaks under uniaxial compression for a trilayer flake. 222 the biaxial modulus of graphene, as the authors managed to apply a maximum strain of only 0.19%, while higher strains lead to softening of the material and a subsequent reduction of the modulus.
Androulidakis et al. utilized a cross-type shaped apparatus for the application of biaxial strain where the as 2D materials are deposited on the centre of the cross. 230 The authors subjected a number of graphene related materials to controlled biaxial deformation and the mean values of ∂ω 2D /∂ε and ∂ω G /∂ε for a monolayer graphene membrane were found to be equal to −148 ± 6 cm −1 % −1 strain and −62.3 ± 5 cm −1 % −1 strain respectively. Similar to the results from the application of uniaxial strain, bilayer graphene showed very similar shifts to monolayer graphene, while the increasing layer number led to a reduction of the shift rates as a result of cohesive failure within the flakes. Finally, Metzger et al. 231 investigated graphene membranes that were deposited over a patterned substrate with shallow depressions. The authors observed that the membranes did not remain free-standing but adhered to the substrate despite the biaxial strain. The Grüneisen parameters obtained were close to the ones of Mohiuddin, while the downshift of the 2D band was slightly higher than the values reported by Androulidakis, of the order of 203 ± 20 cm −1 % −1 strain.
Most of the investigations discussed earlier were undertaken upon the deformation characteristics of flat graphene, but the case of wrinkled graphene presents a lot of interest as the majority of the graphene nanoplatelets that are commonly used as reinforcements in polymer composites display wrinkles and folds that reduce the reinforcing efficiency. Li et al. 232 deposited CVD graphene on a poly(ethylene terephthalate) substrate and followed the uniaxial deformation mechanics of wrinkled graphene by Raman spectroscopy. It was found that the wrinkles separated the flat graphene into isolated islands with a size of ∼1 μm and the downshift of the 2D band was in the order of −12.8 cm −1 % −1 strain, less than 25% of the refer- Fig. 19 The characteristic downshift of the G band of graphene and carbon fibres versus the tensile modulus of the respective materials. The black solid and dashed lines correspond to fits to experimental data for graphene. The graphene G sub-bands values measured in this study and in ref. ence 2D band shift rate of ∼ −60 cm −1 % −1 strain (Fig. 21a ). It should be noted though that the wrinkles examined in this case have little to do with the performance of wrinkled material in bulk composites, as the stress transfer length (1.2 μm) is probably lower than the critical length and this can explain the low shift rates. Moreover, this work deals with wrinkles constrained from flat graphene areas, a compression of 2-3% is developed upon cooling from ∼ 1000°C, which leads to the formation of wrinkles, but such CVD material is highly unlikely to be used in composites.
Anagnostopoulos et al. 233 developed a similar CVD graphene/epoxy system and the redshift of the 2D band displayed a rate of ∼−18 cm −1 % −1 strain up to 1.4% strain, that is less than 30% than the one expected for a flat monolayer graphene. As shown in a study 234 the group of Galiotis managed to create similar mosaic patterns to those observed in CVD graphene by means of lateral wrinkling induced by tension and Euler buckling resulting from uniaxial compression upon unloading. The same group has also provided evidence 86 that the "corrugation" of flat graphene enhances the load bearing capability of few-layer graphene, as compared to flat specimen ( Fig. 21b-e ). The authors commented that the interfacial shear stress between the graphene and the polymer increased due to wrinkling and the downshift of the characteristic 2D band was in the order of −57 cm −1 % −1 strain for both monolayer, bilayer and trilayer graphene ( Table 1) . This was unexpected since it is known that for increasing layer number, the interlayer coupling cannot transfer the load efficiently. The exceptional performance of the wrinkled material was attributed to the small amplitude wrinkled morphology due to the enhanced shear strength of the interface. It should be noted at this point that the definition of wrinkling is very broad thus its effect is difficult to quantify. Finally, in a very recent study, Li et al. 235 came up with an analytical equation to quantity the effect of different types of wrinkles and folds on graphene, after applying strain engineering to wrinkled and folded graphene. It was found that wrinkles do not reduce the reinforcement efficiency significantly when majority of graphene still conforms to substrate, while when graphene detaches from substrate its efficiency drops significantly as a result of delamination.
Another material that presents a highly-wrinkled, 2D morphology is graphene oxide (GO). Generally, the study of the application of strain to GO and the in situ Raman measurements presents a number of challenges due to the presence of the functional groups that damage the graphene lattice and give rise to the defect-activated 2D band. In addition, GO is also vulnerable to damage from the laser beam as thermal-or photo-reduction of the material can take place. Additionally, the absence of the strain-sensitive 2D band is another limiting factor for the study of GO with Raman. Young and coworkers analysed the deformation micromechanics of GO by strain engineering. 236 Interestingly, the results showed that the number of GO layers does not affect the reinforcement efficiency of GO; this effect is possibly associated with the enhanced interlayer adhesion GO due to the functionalisation, which is already too large even for few-layer GO and as a consequence the interlayer stress transfer is not effective. Moreover, the degree of layer exfoliation is not expected to play any role on the mechanical reinforcement in GO-based nanocomposites. The application of strain (up to 1%) led to a downshift of the D band in the order of −14.9 cm −1 % −1 strain. Interestingly, when the authors mapped the strain distribution in a GO flake, the strain profile remained constant along the flake, which is in contrast to what is observed for monolayer graphene, where the strain increases from the edges and remains constant only at the centre of the flake, in accordance with the expectation from the shear-lag theory. This observation, along with the poor resolution of the GO edges under the microscope and the spatial resolution of Raman spectro- meter (1-2 μm) do not allow the determination of the critical length for reinforcement, making the classical shear-lag theory not applicable for this specific material. 5.2.2 "Model" graphene nanocomposites. In addition to its practicality for the characterization of individual, free-standing graphene flakes, Raman spectroscopy has also been applied with great success to follow the molecular deformation of graphene within polymer nanocomposites, through the study of the stress-induced Raman band shifts. As mentioned in the previous section, the slope of −60 ± 5 cm −1 % −1 strain for the 2D band has been observed in a number of early experimental studies 218, 219 for free-standing graphene; thus, it can be used as a calibration value for the determination of stress or strain distribution in graphene nanoplatelets in nanocomposites. The work of Gong et al. 5 showed that Raman spectroscopy can be used in order to monitor the stress transfer in a "model" composite, consisting of a PMMA beam as the substrate, a thin layer of SU-8 epoxy-based negative photoresist where monolayer graphene was deposited and the structure was then spin-coated with a thin layer of PMMA (50 nm). The authors observed the characteristic downshift of the 2D band up to 0.4% strain, while from that point on the band shifts became irregular, as a result of relaxation of the specimen and possible damage of the polymer/graphene interface. The unloading procedure revealed that the 2D band position was at a higher wavenumber than before loading, suggesting that graphene underwent slippage in the composites and then was subjected to inplane compression. The process that was well-established for the strain mapping along carbon fibres was also adopted for the graphene monolayer in this work at 0.4% and 0.6% strain. The results revealed once again that the strain builds up from the edges towards the centre of the flake and the behaviour was analysed with the shear lag theory, which assumes that there is elastic stress transfer from the matrix to the filler through shear at the filler-matrix interface (eqn (16) and (18)).
The product ns depends on both the degree of interaction of the graphene flake with the matrix and the morphology of the flake and of the strain mapping at 0.4% strain it was found to be equal to 20, showing that the behaviour could be modelled. Furthermore, the critical length (l c ) for the evaluation of the quality of reinforcement from graphene flakes was obtained, and according to its definition, it is the product of 2× the distance over which the strain rises from the fibre ends to the plateau. In this case, it is ∼3 μm, while it is generally thought that the fibre length in order to obtain good reinforcement should be ∼10l c , revealing that flakes of around 30 μm diameter are needed to reinforce a polymer significantly.
The same group also reported on the use of Raman spectroscopy for mapping the strain in a model nanocomposite consisting of graphene sandwiched between two thin layers of SU-8 and deposited onto a PMMA beam. 237 Once again, the strong resonance from graphene enabled the authors to monitor the stress-induced band shifts and map the strain distribution. The mapping procedure revealed clearly the development of cracks as a result of fragmentation at 0.8% strain (Fig. 22 ). As this strain is very low for a graphene monolayer to undergo fragmentation, it is quite possible that cracking took place only in the SU-8 coatings. Moreover, the authors showed that the interfacial shear stress (IFSS) in the fragments was only ∼0. 25 MPa, an order of magnitude lower than the IFSS before fragmentation. A further study of model nanocomposites where graphene was deposited onto a PMMA beam and then coated with an epoxy resin, revealed that the rate of band shift per unit strain for monolayer graphene is independent of whether the coating exists or not 221 (Fig. 23a ). On the other hand, for the case of bilayer graphene, the poor stress transfer between the graphene layers led to a lower rate of band shift for the uncoated specimen ( Fig. 23b ). For bulk composites, this means that bilayer graphene is equally effective for mechanical reinforcement, to monolayer graphene, while only 15% of the efficiency is lost with trilayer graphene, while according to the authors for more than 7 layers of graphene, the reinforcing efficiency drops to half that of monolayer graphene.
In a recent, interesting study of Eichorn and coworkers, the authors created a model bilayer graphene/nanocellulose composite and studied the deformation behaviour by applying strain. 238 A quite high stress transfer efficiency of 66% was derived at the cellulose/graphene interface, while the splitting of the G band enabled the calculation of shear strain in the graphene. Moreover, the stress uptake and the compression buckling strain in model graphene monolayer nanocomposites was evaluated by Frank et al. by monitoring the shift of the G or 2D Raman bands. 239 The compression strain led to a decrease in the values of ∂ω G,2D /∂ε up to a point where the slope started to increase, indicative of progressive buckling which leads to the collapse of the flakes. The critical buckling strain, as expected, depends on the size of the flakes and their geometrical characteristics.
Bulk graphene nanocomposites.
Given that the stress transfer from the matrix to a fibre can be followed very effectively through the use of Raman spectroscopy, the Young's modulus of carbon-based materials (E R ) can be estimated from the slope of the plots of the 2D (or D) Raman band position against strain. For graphene-related materials, where the characteristic downshift of the 2D band is in the order of: (∂ω 2D /∂e) (ref ) = −60 cm −1 % −1 strain the E R can be estimated from the relationship: 
The application of both equations E f and E R in the study of Liu et al. 55 enabled the effective aspect ratio of the graphene nanoplatelets in bulk nanocomposites to be quantified, while as was expected the modulus from Raman spectroscopy was higher than that obtained from the tensile measurements. This comes as a result of the application of Raman spectroscopy to flakes that are axially aligned to the surface of the sample (so that η o = 1), while the GNPs were partially aligned in the bulk composites. In the same study it is also clearly shown that the effective aspect ratio (s eff ) is pronouncedly reduced with increased filler loading due to agglomeration between graphene nanoplatelets.
CNT-based composites
The combination of the versatility of Raman spectroscopy along with the strong resonance from carbon nanotubes 8 can provide a wealth of information regarding the effect of CNTs in polymer nanocomposites. A number of research investigations have applied Raman for the evaluation of the nanotube-polymer interactions, the dispersion characteristics, the orientation of nanotubes and the response of CNTs during the application of strain by following the Raman band shifts or the peak width changes.
5.2.1 Characterization. The Raman spectrum of SWCNTs displays the following characteristic features: radial breathing modes at low frequencies (<400 cm −1 ) corresponding to the movement of carbon atoms towards the radial direction, the double-resonant, disorder induced D band (∼1350 cm −1 ), the G band (∼ 1600 cm −1 ) resulting from the in-plane vibrations of the sp 2 C-C bonds and the 2D (G′) band (2500-2700 cm −1 ) that is an overtone of the D band. 240 It should be noted that the Raman spectrum of MWCNTs differs from that for SWNTs and it resembles closely that of carbon fibres. The sharp peak at ∼ 1582 cm −1 corresponds to one of the E 2g modes, while the D band at 1334 cm −1 is attributed to the microcrystalline structure and the breakdown of the translational symmetry of MWCNTs. Finally, the 2D (G′) band which is the overtone of the D band can be seen at ∼ 2663 cm −1 .
Polarized Raman spectroscopy has been proven very useful for the evaluation of the orientation of carbon nanotubes within a polymer matrix. 241 The intensity of the Raman G band of CNTs is known to decrease monotonously with increasing angle between the polarization direction of the polarizer and the nanotube axis. 242 Chang et al. 243 used polarized Raman spectroscopy for the evaluation of orientation in a SWCNT/polypropylene fibre composite and observed that the scattering intensity of the G band decreased significantly when the angle between the fibre axis and the polarization of light changed from 0 to 90°, revealing an orientation of SWCNTs along the fibre direction. In addition, in an excellent study by Peijs and coworkers 244 on oriented PVA/SWCNT tapes, the authors also used polarised Raman spectroscopy for the characterisation of the orientation of the nanotubes. They reported that when the scattered light is analysed parallel to the incident laser polarisation (VV geometry), the intensity of the Raman peaks is proportional to cos 4 θ where θ is the angle between the direction of the polariser and the fibre. The inten- sity as a function of the angle between the drawing direction and incident polarization (Ψ) is given by:
where the width of distribution is given by Δ, also c gives the maximum intensity when θ = 0 and F(θ − Ψ, Δ) is a distribution function given by:
where Δ is now the FWHM of the distribution and indicates the degree of orientation, as larger Δ shows higher degree of orientation. The results for the PVA/SWCNT tapes, revealed a high degree of alignment of the nanotubes (Fig. 24 ). 5.2.2 Deformation. The use of Raman spectroscopy for the evaluation of the stress distribution in carbon or aramid fibres and their composites, through the shifts of the characteristic Raman bands was well established when carbon nanotubes were first reported by Iijima and Ichihashi. 245 Naturally, the application of this experimental technique quickly expanded into the field of carbon nanotube composites. The seminal work of Cooper et al. 246 clearly demonstrated that the tensile deformation of CNT-filled composites can be characterised and followed via Raman spectroscopy. The authors monitored the stress transfer between the epoxy matrix and SWCNTs and MWCNTs from the characteristic Raman band shifts. It was shown that the characteristic downshift of the 2D (G′) Raman peak for SWCNTs within the epoxy resin was −15 cm −1 % −1 , while for MWCNTs was in the order of −5.3 cm −1 % −1 . These slopes reveal the stress transfer efficiency from the matrix to the nanotubes and normally, the steeper the slope, the higher the stress transfer efficiency and thus, the effective modulus of the nanotubes. Additionally, as the research of Wagner and coworkers has shown, the band shift per unit strain is higher when the nanotubes are aligned along the directions of both the laser polarization and maximum strain. 241, 247 It should be noted that the deviations from linearity in the downshift of the characteristic Raman bands are indicators of an interface failure and thus, a less effective load transfer. Slippage of the CNTs (or the respective filler) takes place at the interface because the generally weak interfacial interactions cannot bear the shear stress, reducing this way the load transfer efficiency. Another important aspect of the study of Cooper et al. was the establishment of a method to calculate the effective modulus of nanotubes by using the universal calibration rate of −5 cm −1 % −1 GPa −1 for the 2D (G′) band in carbon fibres and assuming that this value was also valid for CNT composites. However, their approach led to wide bounds in terms of modulus calculation for the nanotubes since they did not take into account the polarization of the laser in their analysis. Deng et al. 248 in a subsequent study modelled the effective modulus of the nanotubes in PVA/SWCNT composite by suggesting that the effective modulus E eff can be obtained by:
where S 0 is the shift rate and −0.05 is the universal calibration rate. For an aligned system S 0 = S(0), while for randomly oriented systems, the laser polarisation should be taken into account, which after a series of substitutions gives:
which suggests that the E eff of the randomly oriented nanotubes can be calculated by using the universal calibration factor and corrected by multiplying by a factor of 1.3 for VV (incident and scattered lasers are parallel to the reference axis) configuration and 3.3 for VH (incident and scattered lasers are Fig. 24 (a) Raman spectra of oriented SWCNT-PVA composites, at different tape orientations, with respect to the incident polarization, (b) relative Raman intensity versus the angle between the polarization direction and the sample axis Ψ (0-π/2), at draw ratio 5, revealing a high degree of orientation of the SWCNTs. 244 parallel and perpendicular, respectively, to the reference axis) configuration. The E eff values reported in this work were in the order of 530-700 GPa. An empirical linear relationship has been proposed in the important study of Wood et al. 241 between Raman wavenumber shift of the D* band of SWCNTs and the stress σ in the polymer in the elastic regime:
where m 1 is the proportionality constant (or calibration factor) and E m is the matrix modulus. It should be noted that the matrix modulus is used for low nanotube contents, on the basis that the mechanical response of the composite is unchanged with respect to the pure polymer, while at higher filler contents the modulus of the nanocomposite sample should be taken into account. For the strain response of the D* (2D) peak for SWCNTs, the slope m 1 = −467 cm −1 /ε can be considered as the calibration value. Thus, a spectroscopic stress-strain curve can be constructed with the use of the Raman signal of CNTs in a matrix, under strain. The effect of temperature on the Raman spectra of a CNTbased nanocomposite is also important, as a result of the differences in the coefficient of thermal expansion (CTE) and the rigidity of the polymer. For example, the CTE of SWCNTs is in the order of 10 −6°C−1 , while the CTE of an epoxy resin is ∼6.5 × 10 −5°C−1 . 249 This difference leads to a large thermal stress in the filler-matrix interface. When the interfacial bonding is strong, then the interatomic distance of C atoms in the nanotube will increase due to thermal stress; this will cause a decrease of bonding potentials and a decline of the Raman vibration frequency. The work of Wang et al. 250 clearly exhibited that thermal loading in epoxy composites reinforced with neat and functionalised SWCNTs leads to a downshift of the Raman G + band with increasing temperature. Interestingly, pure SWCNTs (not mixed with the epoxy resin) showed a very small change in their Raman spectra, while all composite samples displayed a downshift, with the functionalized-SWCNT composites demonstrating a more efficient stress transfer (and a larger downshift) ( Fig. 25a ). On the other hand, it is well known that the modulus of the polymers is a temperature-dependent parameter. Thus, increasing the temperature can lead to a higher mobility of the macromolecular chains and subsequent decrease of the efficiency of stress transfer, while as expected, a decrease of the temperature leads to a restriction of the movement of the chains and to a stiffer matrix, which in turn contributes in a more efficient load transfer. This has been clearly demonstrated in the study of Zhao and Wagner, 251 where the authors prepared a polyurethane acrylate (PUA)-SWCNT composite and measured the Raman band shifts under different temperatures. As expected, the slope of the 2D (G′) band at small strains (up to 2%) was higher at 235 K (−9.09 cm −1 % −1 strain) than 298 K (−4.67 cm −1 % −1 strain) ( Fig. 25b ). It is clear that the two phenomena are competitive to each other, thus the contributions from both should be taken into account when performing in situ Raman tests of carbon nanomaterialsreinforced composites at various temperatures.
In a more recent study by Young et al. 252 the authors studied the interfacial and internal stress transfer in nanocomposites reinforced with different types of carbon nanotubes (SWCNTs and MWCNTs). As expected, the downshift of the 2D (G′) band in SWCNT-based composites was over four times higher than MWCNT composites (−14.1 ± 3.3 cm −1 % −1 strain over −3.4 ± 1.3 cm −1 % −1 strain) ( Fig. 26a ). Interfacial slippage took place for the SWCNTs at 0.5% strain. In the case of MWCNTs, it is the inner-wall slippage that delays the epoxy/ MWCNT slippage at the interface, thus the interfacial stress transfer is considerably better. The authors modelled the deformation of the two types of nanotubes in the nanocomposites by introducing a stress transfer efficiency factor k i (0 ≤ k i ≤ 1), where for perfect stress transfer k i = 1 and for no stress transfer k i = 0. For the MWCNT/epoxy nanocomposites k i was found to be around 0.7, attributed to imperfect bonding between layers, while k i decreases with increasing number of layers (Fig. 26b) . Importantly, the authors suggested that the load in MWCNT-based nanocomposites is taken mainly by the outside layer and the inner layers actually decrease the reinforcement efficiency. It should be pointed out that a similar stress transfer efficiency factor of around 0.7 was found for few-layer graphene (Fig. 18a) , 221 showing the similarity of the interlayer stress transfer phenomenon for the different carbon nanomaterials.
Winey and coworkers 253 on their study on SWCNT/PMMA fibres reported a downshift of the G band of −7.5 cm −1 % −1 strain for small strains (up to 0.2% strain). The authors also identified that during the unloading procedure the G peak position recovered back linearly at the same rate, while after the second loading, the G peak displayed the characteristic downshift at the same rate with the initial loading procedure, revealing the reversibility of load transfer. Kao and Young 254 also looked into the cyclic deformation of epoxy/SWCNT composites and as expected, the maximum loading strain and loading cycles affected significantly the interfacial adhesion. A hysteresis loop was obtained from the mismatch between the loading and unloading processes, due to the damage at the nanotube-epoxy interface, which enabled the authors to calculate the energy dissipation and modelling of the interface damage (Fig. 26c) .
The deformation of a MWCNT/epoxy nanocomposite under tension and compression was investigated in the work of Schadler et al. 168 (Fig. 26d ). The 2D (G′) band shifted upwards by ∼7 cm −1 under 1% compressive strain, while under tension, a slightly downward shift was reported. This observation was in contrast with the bulk mechanical properties of the composites, which indicated a ∼24% improvement of compression modulus and a ∼20% improvement in tension modulus. The difference arises from the different modes of deformation in the two experimental techniques. The MWCNTs are expected to carry the load from their outer tube to the inner tubes, but in practice this is difficult due to weak van der Waals interactions between the tubes. Therefore, under tension, the deformation of the inner walls is small. Thus, since the Raman signal is averaged for the whole MWCNT, the overall peak shift is insignificant. On the other hand, during compression the load is transferred effectively to the inner tubes through buckling and bending of the nanotubes, while slippage under compression is prevented due to seamless structure of MWCNTs and geometrical constrains the outer layers impose on the inner layers. This has as a result pronounced upward shifts of the 2D (G′) band.
The functionalization of CNTs for the improvement of both the dispersion and interfacial properties can also lead to a differentiation of the Raman band shifts, compared to the unfunctionalized materials. For example, the work of Liu et al. 255 revealed that the functionalization of SWCNTs with hydroxyl groups (SWCNT-OH) led to a more efficient stress transfer than neat SWCNTs in a PVA matrix; thus, the band shift of the PVA/ 0.5 wt% SWCNTs was in the order of −2.61 cm −1 % −1 strain, while the band shift of the PVA/0.6wt% SWCNT-OH was in the order of −36.9 cm −1 % −1 strain. The same conclusion comes out of the study of Lachman et al. 256 where carboxylated SWCNTs (SWCNT-COOH) within a PVA matrix, displayed higher shifts at low strains, than the neat SWCNT-PVA composites, as a result of the better interfacial adhesion. However, the bulk mechanical properties of the SWCNT-PVA fibres were better than the COOH-SWCNT/PVA fibres, as a result of the carboxylation procedure, which is known to degrade the wall structure of nanotubes.
Even though the deformation of individual carbon nanotubes cannot be followed via the application of strain in combination with Raman spectroscopy as a result of their nanoscale dimensions, they can be used as coatings of different types of fibres and the local stress can then be studied by using Raman spectroscopy. The works of Jin et al. 257, 258 revealed that the coating of low-and high-modulus carbon fibres with carboxylated SWCNTs enabled them to analyse the fibre fragmentation during the deformation process and to follow the 2D Raman band shifts along the fibre length. The presence of the SWCNTs led to very high interfacial shear stress, in the order of 50 MPa and >30 MPa for low-and high-modulus carbon fibres, respectively, as a result of the additional bonding caused by the presence of the functional groups.
Conclusions and outlook
Graphene-related materials and carbon nanotubes offer unique opportunities for the evolution of polymer nanocomposites towards enhanced performance and multifunctionality. The reinforcement mechanisms of both types of nanocomposites have been reviewed thoroughly in the present manuscript by evaluating the inherent properties of the nanofillers and the parameters that affect significantly the ultimate properties of the polymer nanocomposites. Various well-established micromechanical theories that were developed initially for continuous composites have been examined for their applicability in polymer nanocomposites and there is overwhelming evidence that the elastic deformation of graphene-or nanotube-reinforced polymers can be modelled using classical composite micromechanics. Finally, the usefulness of Raman spectroscopy on the assessment of the mechanical properties of both nanofillers has been highlighted; numerous qualities and characteristics of sp 2 carbon allotropes can be identified through the use of Raman spectroscopy. The shift rates of the Raman bands are highly dependent on the Young's modulus of the nanocarbons and thus, it has been shown how they can be used as universal stress sensors for the study of the mechanics of polymer nanocomposites.
Overall it can be concluded that both types of nanofillers can reinforce low-modulus polymers significantly as a result of their inherent properties. Obviously, they display different reinforcement characteristics as a result of their completely different geometry and various parameters that originate from processing. The CNT-related materials, when aligned, display a remarkably-high aspect ratio that contributes to the creation of a large polymer-filler interface, which subsequently leads to very high levels of mechanical reinforcement. Thus, in this case the CNTs perform better than GRMs; however, alignment of CNTs even at a laboratory scale is quite challenging to achieve and scaling up of these processes at an industrial level is still uncertain. On the other hand, when CNTs are randomly oriented, they reinforce polymers less effectively than GRMs, because of their 1D geometry, which leads to a reduction of their effective modulus by 5, as can be concluded from their Krenchel orientation factor. In comparison, when GRMs are randomly oriented within a polymer, their effective modulus drops to less than half (8/15) as a consequence of their 2D geometry. Another major disadvantage of CNTs in the production of high-performing polymer nanocomposites is the very large increase in the viscosity of the final materials, which comes as a result of the formation of entanglements between CNTs, leading to a significantly poorer dispersion and a reduction of the effective aspect ratio of nanotubes. On the other hand, graphene related materials are much easier to process at higher loadings, as the viscosity of the polymer-graphene mixture is commonly significantly lower. One additional advantage of nanoplatelet-type materials such as GRMs, is that they can display an increased ability to alter a larger zone of polymer than nanotubes as a result of their micron-size lateral dimensions, through the creation of cooperating regions of altered dynamics, which can interact with each over above a certain percolation threshold volume fraction.
Despite the relatively high level of understanding of the mechanical reinforcement mechanisms of polymer nanocomposites with GRMs or CNTs, the impressive mechanical properties of both nanofillers still have not been fully realised in composite structures. The creation of continuous composites with lightweight spun fibres produced by CNTs or GRMs can be a solution to this problem, where both the unique multifunctional properties of both nanocarbons could be employed along with enhanced performance at very high filler loadings. Obviously the 1D materials (CNTs) are more appropriate than 2D materials (GRMs) for the creation of continuous fibres, leading to high inter-tube stress transfer and so far, CNT-based fibres seem to outperform GRM-based ones. Another critical aspect for the maximization of the performance of both nanocarbons in polymer nanocomposites is the precise engineering of the polymer-filler interface, that contributes significantly to the mechanical properties of the composites. Direct growth of CNTs or graphene onto macroscale glass/carbon fibres can lead to an increased cross-plane improvement in interlaminar shear stress, while evidently, the chemical modification of both fillers can enhance the polymer-filler interactions and as a consequence, the mechanical properties.
Even though the mechanical reinforcement characteristics of both nanocarbons has been explored for numerous polymer matrices, a number of challenges still exist and prevent full understanding of the reinforcement mechanisms, maximization of the performance of the composites and production of such composites extensively in an industrial scale. For example, the scale-up of the production of high-quality and low-cost GRMs is a major issue that reflects on both the commercialization and ultimate properties of the materials. From a modelling viewpoint, the mechanical strength of the polymer nanocomposites and the extent of the interfacial zone for both nanofillers should be analysed, while in terms of production the effective toughening of various polymers at low filler contents and the formation of composites with hybrid (1D:2D) nanofillers should be explored.
